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Abstract 

 

 

Merve Nur Doğu 

 

 

Additive Manufacturing of Nickel-Base Superalloy IN939 by Powder 

Bed Fusion-Laser Beam 

 

IN939 is a precipitation-hardenable Ni-base superalloy. It has been widely used for blades 

and vanes in gas turbines, and aircraft engines due to its outstanding properties such as 

high microstructural stability up to 850 oC, high corrosion, oxidation and creep resistance. 

Recently, a growing interest in the fabrication of IN939 parts with the PBF-LB process has 

emerged due to its significant advantages such as intricate geometric complexity in a single 

step, design freedom, as well as reductions in material waste and tooling costs. IN939 is 

considered reasonably weldable yet it is crack-susceptible.  

There is a significant gap in the literature concerning the influence of PBF-LB process 

parameters and subsequent heat treatments on the material characteristics of IN939 

compared to established Ni-base superalloys like IN718 and IN625. For this reason, 

investigation of the effects of PBF-LB process parameters and post-heat treatment on the 

material properties of IN939 is crucial to obtain crack- and defect-free components.  

This thesis investigates the effects of PBF-LB process parameters and post-heat treatments 

on IN939. Through a systematic approach, the research evaluates the characteristics of 

IN939 powders, including virgin and spatter powders, and their impact on part quality and 

process efficiency. Furthermore, the influence of PBF-LB process parameters such as laser 

power, scanning speed, and hatch distance on material properties is comprehensively 

analyzed, emphasizing parameter optimization for defect mitigation and surface quality 

improvement. Additionally, the investigation delves into the effects of different scanning 

strategies on the material properties of IN939, providing valuable insights into optimizing 

scanning parameters to achieve desired performance. Moreover, this study explores the 

impact of various solution heat treatment temperatures on the material properties of IN718 

and IN939, offering practical recommendations for heat treatment parameter optimization. 
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Chapter 1: Introduction 

1.1 Background and Motivation 

Nickel-base (Ni-base) superalloys, which are a unique class of metallic materials, 

have been widely used in gas turbine engines thanks to their outstanding properties such 

as high-temperature strength and toughness, as well as corrosion and oxidation resistance, 

for over seven decades. Since their initial development, they have undergone continuous 

refinement and optimization, leading to the creation of increasingly advanced materials 

with improved properties and performance characteristics. They have become essential 

materials in aerospace, power generation, and other industries where high-temperature and 

corrosive environments are encountered [1–3]. Although several decades have elapsed 

since their introduction, comprehension of the metallurgical behaviour of Ni-base 

superalloys remains an ongoing work. Weldability and the underlying mechanisms of 

accountability for crack initiation in these alloys remain some of the significant research 

areas [4]. 

Across a range of industries, the production of alloy components typically involves 

the utilization of various conventional fabrication methods, including powder metallurgy, 

casting, welding/joining, and machining, to manufacture a single part. However, these 

conventional techniques often face limitations in fabricating highly intricate geometries 

and may not be cost-effective for small-batch productions or frequent design changes. In 

contrast, additive manufacturing (AM) technologies offer the ability to produce complex-

shaped parts in a single step, thereby reducing raw material waste and saving time and 

energy, particularly for the production of a limited quantity of alloy parts [5]. 

The powder bed fusion-laser beam (PBF-LB) process, which is a metal AM 

process, uses a focused laser beam to selectively melt the metal powder. It has been used 

in diverse industries such as aerospace, defense, energy, automotive and biomedical 

industries. This process provides greater design flexibility compared to conventional 

manufacturing methods by enabling the creation of intricate parts while minimizing 

material wastage, production costs and time. Moreover, the PBF-LB process allows for 

precise control over microstructure, facilitating the fabrication of materials with distinctive 

microstructural characteristics and enhanced mechanical properties compared to those 

produced through casting processes. As a result of these advantages, the PBF-LB process 
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is increasingly being explored for the fabrication of high-temperature components in 

aerospace and nuclear applications [5–8]. 

Despite its numerous advantages, the PBF-LB process of precipitation-hardenable 

Ni-base superalloys presents significant challenges. The rapid heating and cooling cycles 

experienced during fabrication lead to high residual stresses in the final parts. When 

combined with the inherent cracking susceptibility of Ni-base superalloys, these residual 

stresses limit the processing and applications of such materials.  As a result, successful 

application of the PBF-LB process to precipitation-hardenable Ni-base superalloys is 

currently restricted to a few specific alloys, with many others possessing superior elevated 

temperature properties being overlooked. Furthermore, even for extensively studied alloys, 

there remains a knowledge gap concerning their microstructural and mechanical responses 

to post-processing heat treatments [6,9,10]. 

Inconel 939 (IN939), which is a precipitation-hardenable Ni-base superalloy, has 

been extensively used for blades and vanes in gas turbines, fuel nozzles, diffusers, turbine 

airfoils and aircraft engines due to its outstanding properties such as microstructural 

stability of elevated temperatures up to approximately 850 oC as well as high-temperature 

corrosion, oxidation, and creep resistance [11–15]. It is in the "fairly weldable" region of 

the weldability assessment plot of Ni-base superalloys yet remains "crack-susceptible". 

Although it has been produced with conventional manufacturing techniques and used since 

the 1960s in various application areas, the application of the PBF-LB process appears to 

be in the initial stages of development when compared to other Ni-base superalloys such 

as IN718. However, it is highly valued for additive manufacturing due to its outstanding 

performance in hot-gas path applications. As a result, there is a growing interest in the 

IN939 fabricated by PBF-LB. Additionally, there is a significant gap in the literature 

regarding the effects of PBF-LB process parameters and post-heat treatments on the 

material properties of IN939 compared to well-known Ni-base superalloys (i.e., IN718 and 

IN625) [4,7,14–18].  

In the PBF-LB process, the interaction between the high-energy laser and metal 

powder generates a melt pool and spatter, with occasional vapor plumes or plasma. While 

the melt pool's behaviour is relatively predictable, the spatter is more difficult-to-predict 

behaviour, influenced by factors such as recoil pressure, the Marangoni effect, and heat 

transfer. Spatter, which can be classified as a hot droplet or cold powder spatter, negatively 

affects process stability, energy efficiency, and product quality by disrupting powder re-
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coating, reducing laser efficiency, and contaminating both the parts and equipment. To 

enhance part quality and equipment longevity, effective spatter control through optimized 

laser parameters and protective gas flows is crucial [19]. While considerable research has 

been conducted on the spatter effects in Ni-base superalloys like IN718 [20–24] and 

Hastelloy X [25–27], there is still a lack of understanding regarding its impact on IN939 

parts built using PBF-LB. Despite the current challenges discussed above and the 

importance of ensuring the structural properties of additively manufactured parts, there 

have been no systematic studies on spatter's effect on IN939 fabricated by the PBF-LB.  

In the PBF-LB process, the scanning strategy plays a pivotal role in determining 

the microstructure, mechanical properties, and overall performance of fabricated parts. 

Among the numerous process parameters, the scanning strategy, which includes factors 

such as scanning directions, sequence, vector length, and rotation angle, directly influences 

the thermal history and melt track formation. Common strategies such as uni-directional, 

bi-directional, and chessboard scanning each offer distinct advantages in controlling 

residual stresses, enhancing material density, and refining grain structures. Although much 

research has focused on various Ni-base superalloys such as IN718, IN738, and Hastelloy 

X, there remains a significant gap in understanding the effects of scanning strategies on 

the material properties of IN939, underscoring the need for further investigation in this 

area [28–32]. 

Solution heat treatment (SHT) is a crucial step in optimizing the microstructure and 

mechanical properties of IN939 fabricated by the PBF-LB. As a precipitation-hardenable 

Ni-base superalloy, IN939 undergoes SHT to dissolve undesirable phases formed during 

solidification, followed by rapid cooling to prevent further precipitation. This process not 

only changes the microstructure but also prepares the alloy for subsequent aging 

treatments, which promote the nucleation and growth of the strengthening γ' phase. 

Moreover, the optimization of SHT is vital, as the initial microstructure resulting from 

different fabrication methods and process parameters can vary significantly. Therefore, 

tailored SHT procedure are essential for ensuring the desired material performance, 

particularly in critical applications like aerospace, where eliminating defects and achieving 

consistent properties are significant [33,34]. 
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1.2 Thesis Aim and Objectives 

The thesis aimed to investigate the effects of PBF-LB process parameters and post-

heat treatments on the material properties of IN939. Additionally, it sought to enhance and 

develop scientific knowledge about the processing of IN939 using the PBF-LB process by 

understanding its material properties, physical metallurgy, and process characteristics 

necessary to achieve optimal and reliable properties. This aim was achieved by focusing 

on the following specific objectives: 

1. Investigation of the effect of virgin and spatter IN939 powders on the PBF-LB 

process. 

2. Investigation of the effect of PBF-LB process parameters (laser power, laser 

scanning speed, and hatch distance) on the relative density, defect formation (such as 

porosity and crack), surface roughness and microstructure of IN939.  

3. Investigation of the effect of laser scanning strategy on the relative density, defect 

formation (such as porosity and crack), surface roughness, microstructure, 

crystallographic texture, microhardness and residual stress of IN939. 

4. Investigation of the effect of various solution heat treatment temperatures on the 

microstructure, crystallographic texture and microhardness of IN939. 

1.3 Thesis Format and Outline 

The thesis is presented as a compilation of published research papers and submitted 

manuscripts containing original contributions. The contribution of the candidate to the 

publications are as following: 

Chapter Publication Title Status Candidate contribution 

3 

A comprehensive 

characterization of the 

effect of spatter 

powder on IN939 

parts fabricated by 

laser powder bed 

fusion 

Published, 

Materials & 

Design, 

2023 

First author, corresponding 

author, project administration, 

conceptualisation, 

methodology, investigation, 

data curation, formal analysis, 

visualisation, writing - original 

draft, writing - review & 

editing 
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4 

Powder bed fusion-

laser beam of IN939: 

Effect of process 

parameters on the 

relative density, 

defect formation, 

surface roughness, 

and microstructure  

Published, 

Materials, 

2024 

First author, corresponding 

author, project administration, 

conceptualisation, 

methodology, investigation, 

data curation, formal analysis, 

visualisation, writing - original 

draft, writing - review & 

editing 

5 

A comprehensive 

characterization of the 

effect of scanning 

strategy on IN939 

fabricated by powder 

bed fusion-laser beam 

Journal review 

completed; 

Revised 

manuscript 

submitted, 

Journal of 

Materials 

Research & 

Technology, 

2024 

First author, corresponding 

author, project administration, 

conceptualisation, 

methodology, investigation, 

data curation, formal analysis, 

visualisation, writing - original 

draft, writing - review & 

editing 

6 

Effect of solution heat 

treatment on the 

microstructure and 

crystallographic 

texture of IN939 

fabricated by powder 

bed fusion-laser beam 

Published, 

Journal of 

Materials 

Research & 

Technology, 

2023 

First author, corresponding 

author, project administration, 

conceptualisation, 

methodology, investigation, 

data curation, formal analysis, 

visualisation, writing - original 

draft, writing - review & 

editing 

7 

Recrystallization and 

Grain Growth 

Kinetics of IN718 

Manufactured by 

Laser Powder Bed 

Fusion 

Published, 

Journal of 

Materials 

Research & 

Technology, 

2022 

First author, corresponding 

author, project administration, 

conceptualisation, 

methodology, investigation, 

data curation, formal analysis, 

visualisation, writing - original 

draft, writing - review & 

editing 
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This thesis comprises seven chapters, arranged progressively. Moreover, the 

following is a brief description of the work performed and/or contents included in each 

chapter:  

Chapter 1 introduces several subjects the thesis encompasses including the thesis structure 

and summarises the aims and objectives of the thesis. 

Chapter 2 provides a comprehensive review of the background information essential to 

the topic and discusses prior research conducted in the field. It emphasizes the challenges, 

limitations, and gaps in existing studies, thereby underscoring the necessity for additional 

research efforts.  

Chapter 3 presents a thorough investigation into the impact of IN939 powder on the PBF-

LB process. It includes a detailed characterization of both virgin and spatter powders and 

examines how spatter powder affects the porosity, microstructure, hardness, surface 

roughness, and crystallographic texture of the fabricated parts. 

Chapter 4 shows an in-depth investigation into the effects of PBF-LB process parameters, 

including laser power, laser scanning speed, and hatch distance, on the relative density, 

defect formation, surface roughness, and microstructure of IN939 fabricated by the PBF-

LB process.  

Chapter 5 offers a detailed characterization of how the laser scanning strategy affects the 

relative density, defect formation, surface roughness, microstructure, crystallographic 

texture, microhardness, and residual stress of IN939 fabricated by the PBF-LB process. 

Chapter 6 gives a detailed investigation of the effects of various solution heat treatment 

temperatures (1120 oC, 1160 oC, 1200 oC, and 1240 oC) on the microstructure, 

crystallographic texture, and microhardness of IN939 fabricated by the PBF-LB process.  

Chapter 7 investigates the recrystallization and grain growth behaviour of IN718 

fabricated by the PBF-LB process under varying temperatures (1050 oC, 1150 oC, and 1250 

oC) and holding times (15, 45, and 90 minutes). This study was conducted as an initial 

investigation to gain familiarity with Ni-base superalloys fabricated using the PBF-LB 

process. 

Chapter 8 presents a summary of the key findings from this research and provides 

recommendations for further research work. 
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The flow diagram of Figure 1.1 provides a graphical visualization of the evolution 

of this PhD thesis and how each chapter fits together and was integrated to impact the state-

of-the-art of additive manufacturing of Ni-base superalloy IN939 by PBF-LB. 

 

Figure 1.1 Graphical illustration of the flow and connectivity of the research conducted 

in the current thesis. 
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Chapter 2: Literature Review   

2.1 High-Temperature Materials 

High-temperature materials are primarily used for gas turbines, rockets and heat 

exchangers due to their remarkable ability to maintain their properties at elevated 

temperatures. The desirable characteristics of a high-temperature material can be classified 

as [35]: 

• an ability to withstand loading at an operating temperature close to its melting 

temperature (Toperating/Tm should be greater than 0.6 for high-temperature 

materials). 

• a significant durability against mechanical deterioration for prolonged durations. 

• an ability to withstand severe operating environments.  

 Figure 2.1(a) shows a simplified illustration of the main sections and temperature 

distributions of a gas turbine engine (GTE). Basically, air undergoes compression in the 

compressor section, raising its pressure and temperature to approximately 400 oC. 

Subsequently, fuel is introduced and mixed with the compressed and heated air before 

being ignited by a flame in the combustion section (reaching temperatures exceeding 2000 

oC) which is the hottest part of the engine. The resulting expanding gases pass through the 

turbine section, where temperatures can reach up to 1600°C, extracting power to drive the 

compressor, before being expelled through the exhaust [4]. The material types used in 

different sections of a GTE are depicted in Figure 2.1(b). High-temperature materials 

employed in GTEs operate under severe conditions and therefore require superior 

properties. These include high yield stress and ultimate strength to prevent yielding and 

failure, high ductility and fracture toughness to enhance impact resistance and damage 

tolerance, high resistance to fatigue crack initiation and propagation to ensure prolonged 

operating life, low thermal expansion to maintain precise tolerances between rotating 

components, high creep resistance and stress rupture strength, as well as high corrosion 

and oxidation resistance [36].   
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Figure 2.1 (a) Main sections and temperature distributions of a GTE [37] and (b) 

material types used in different sections of a GTE. Re-drawn from [38].  

2.2 Superalloys 

Superalloys were initially developed during World War II to meet the demand for 

high-temperature materials in military gas turbine applications. Since then, research and 

development in the field of superalloys have continued, leading to the creation of more 

advanced alloys with improved performance and material properties [1]. The most notable 

aspect of these materials is their ability to maintain high mechanical strength at elevated 

temperatures (typically up to 80% of their absolute melting temperature). They are used in 

a wide range of applications thanks to their superior properties [39]. 
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Superalloy applications in GTEs can be categorized as stationary parts (combustor 

cans, nozzles, guide vanes, seals, and casings) and rotating parts (discs, shafts, blades, and 

spacers). The combustor having an intricate design undergoes extreme temperatures, but it 

is subjected to limited structural loads. Therefore, creep and oxidation resistance, along 

with excellent formability and weldability are significant when selecting the material. The 

subsequent crucial components in the GTE are the turbine vanes which encounter slightly 

lower temperatures than the combustor. However, maintaining oxidation resistance 

remains significant. The variation in pressure on the airfoil surfaces induces stress, making 

resistance to creep a vital factor in the selection of the materials. One of the most common 

phenomena observed is the “bowing” of the airfoil due to creep deformation. Moreover, 

turbine blades are directly exposed to the intense heat of the gas stream, facing similar 

challenges of hot corrosion and oxidation as observed in the combustor and vane surfaces. 

Beyond these concerns, the blades must endure substantial structural loads arising from 

both centrifugal and thermal stresses. Additionally, the rotating blade tips must maintain 

extremely tight clearances with stationary components to enhance engine efficiency, 

demanding a high resistance to creep deformation in the alloy. Furthermore, turbine disks 

are designed to possess high tensile strength, fatigue resistance and toughness. Unlike 

turbine blades, they do not encounter extremely high temperatures [40].  

2.2.1 Classification of Superalloys 

Superalloys are classified as iron-nickel-base superalloys, nickel-base superalloys, 

and cobalt-base superalloys according to the base alloying element in the chemical 

composition. All of these superalloys share a common basic microstructure characterized 

by the austenitic face-centered cubic (FCC) matrix phase, also called the gamma (γ) phase, 

and several dispersed secondary strengthening phases [41]. In elemental form, cobalt (Co) 

has a hexagonal close-packed (HCP) crystal structure (transforming into an FCC crystal 

structure at 417 oC) and iron (Fe) has a body-centered cubic (BCC) crystal structure 

(transforming into an FCC austenite at 912 oC) at room temperature. Among them, nickel 

(Ni) is the only superalloy base metal having an FCC crystal structure at room temperature. 

For this reason, Ni addition stabilizes both Fe and Co in superalloys to retain an FCC 

crystal structure throughout the temperature range encountered in GTE [40].  

Iron-nickel-base (Fe-Ni-base) superalloys, also called iron-base superalloys, are 

used mostly for turbine discs or forged rotors thanks to their superior properties such as 

high toughness and ductility, along with low cost due to the substantial amount of Fe 
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addition. They have 15-60 wt.% Fe, along with at least 25 wt.% Ni to stabilize the matrix 

[41]. Fe-Ni-base superalloys can be divided into three groups such as precipitation-

hardened superalloys (γ'-Ni3(Al, Ti) and/or, γ"-Ni3Nb precipitates form in the FCC γ 

matrix), low-coefficient-of-thermal-expansion (CTE) group of superalloys, and 

superalloys modified from stainless steel (primarily strengthened by solid-solution 

hardening and minor carbide precipitation) [40].  

Cobalt-base (Co-base) superalloys are mostly used when the primary concern is hot 

corrosion or in structural applications with low stress operating at moderate-to-high 

temperatures. For this reason, they are preferred for the vanes and other stationary parts of 

the GTE due to their hot corrosion resistance and superior stress-rupture properties. 

Although their microstructure consists of an FCC γ matrix, along with several 

strengthening phases, they are strengthened by carbide formation and solid-solution 

strengthening. The advantages of Co-base superalloys can be classified as higher melting 

temperatures, superior hot corrosion resistance due to a higher chromium (Cr) content, and 

superior thermal fatigue and weldability (compared to Ni-base superalloys) [1,40].  

The following section provides extensive details on Ni-base superalloys.  

2.3 Nickel-base Superalloys 

Nickel-base (Ni-base) superalloys were first designed in the 1940s for high-

temperature applications in jet engines, including Nimonic 75, developed by Henry Wiggin 

Ltd, UK. Research and development of Ni-base superalloys have continued since then [7]. 

Thanks to their superior properties such as high-temperature strength, toughness, and 

corrosion and oxidation resistance, they are a unique class of metallic materials and are 

widely used in GTEs. Additionally, 40–50% of the total weight of an aircraft engine 

contains Ni-base superalloys, used mostly in turbine and combustor sections of the engine, 

which are subjected to elevated temperatures during operation [42]. Wrought Ni-base 

superalloys are mostly used when high toughness is required for applications, such as 

turbine discs and forged blades. On the other hand, castings are preferred for high strength 

and creep resistance in high-temperature applications, such as investment-cast turbine 

blades and wheels [40]. The detailed application areas of Ni-base superalloys are shown in 

Figure 2.2. 

Ni-base superalloys can be primarily classified as solid-solution strengthened and 

precipitation hardened according to the type and content of the elements. Additionally, 



12 

oxide dispersion strengthened Ni-base superalloys, whose properties are determined by the 

fine oxide particles dispersed in the γ matrix, can be another sub-category [6]. 

2.3.1 Microstructure and Phases of Ni-base Superalloys 

Ni (the atomic number is 28, and the fifth most abundant element on earth) is in the 

first row of the d block of transition metals, alongside Fe and Co and its crystal structure 

is FCC. Under ambient conditions, the density is 8.907 g/cm3 (denser than the other metals 

such as titanium, Ti, and aluminium, Al, used for aerospace applications) and the melting 

temperature is 1455 oC [35]. 

 

Figure 2.2 Examples of application areas of Ni-base superalloys. Re-drawn from [7]. 

The microstructure of a superalloy contains a γ (gamma) phase matrix (FCC), along 

with several secondary phases such as γ' (gamma prime) phase (ordered FCC), γ" (gamma 

double prime) phase (ordered body-centered tetragonal (BCT)), η (eta) phase (ordered 

hexagonal), carbides, intermetallic compounds, and many others. It is important to note 

that not all phases are present in every superalloy. Table 2.1 provides a comprehensive 
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overview of the phases in superalloys [40]. Additionally, the schematic evolution of 

microstructure showing both useful and deleterious phases and crystal structures of some 

phases in Ni-base superalloys are shown in Figure 2.3. 

Table 2.1 Phases in superalloys (adapted from [40]). 

Phase Crystal Structure Formula 

γ (gamma) FCC Ni (solid solution) 

γ' (gamma prime) ordered L12 
Ni3Al 

Ni3(Al, Ti) 

η (eta)  HCP (D024) 
Ni3Ti (no solubility for other 

elements) 

γ" (gamma double 

prime) 
ordered D022 Ni3Nb 

δ (delta) Orthorhombic (ordered Cu3Ti) Ni3Nb 

MC FCC 

TiC 

NbC 

HfC 

M23C6 FCC 
Cr23C6 

(Cr, Fe, W, Mo)23C6 

M6C FCC 

Fe3Mo3C 

Fe3W3C-Fe4W2C 

Fe3Nb3C 

Nb3Co3C 

Ta3Co3C 

M7C3 Hexagonal Cr7C3 

M3B2 Tetragonal 

Ta3B2 

V3B2 

Nb3B2(Mo, Ti, Cr, Ni, Fe)3B2 

Mo2FeB2 

MN FCC 

TiN 

(Ti, Nb, Zr)N 

(Ti, Nb, Zr)(C, N) 

ZrN 

NbN 

μ Rhombohedral 
Co2W6 

(Fe, Co)7(Mo, W)6 

Laves Hexagonal 

Fe2Nb 

Fe2Ti 

Fe2Mo 

Co2Ta 

Co2Ti 

σ (sigma) Tetragonal 

FeCr 

FeCrMo 

CrFeMoNi 

CrCo 

CrNiMo 

M2SC HCP (Zr, Ti, Nb)2SC 
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Figure 2.3 The schematic evolution of (a) microstructure showing useful and deleterious 

phases and (b) crystal structures of some phases in Ni-base superalloys. Re-drawn from 

[17,43]. 

2.3.1.1 γ (Gamma) Phase 

The FCC γ (gamma) phase creates the matrix of the superalloy and contains the 

base metal of the superalloy (Ni for Ni-base superalloys), along with a high percentage of 

solid-solution elements such as Co, Cr, Mo, Fe, W, Re [6]. The FCC γ phase has optimal 

mechanical properties due to its high modulus and multiple slip systems. Additionally, it 

is suitable for relatively high-temperature applications due to the low diffusivity of alloying 

elements. For these reasons, the FCC γ phase is ideal for the matrix of high-temperature 

materials [40]. 
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2.3.1.2 Geometrically Close-Packed Phases 

Geometrically close-packed (GCP) phases represent intermetallic compounds with 

the chemical formula A3B. Within this category, notable phases include the principal 

strengthening components γ' (Ni3Al and Ni3Ti)) and γ″ (Ni3Nb). Additionally, closely 

related phases such as η (Ni3Ti) and δ (Ni3Nb) are included. Notably, the γ' phase stands 

out as the most thermodynamically stable among the GCP phases and serves as the 

predominant strengthening constituent in superalloys. Conversely, the γ" phase finds 

application in enhancing the strength of specific alloys, such as IN718 [41,44–46]. 

2.3.1.2.1 γ' (Gamma Prime) Phase 

γ' (gamma prime) phase, classified as a GCP phase, exhibits an ordered Ll2 crystal 

structure, commonly represented as Ni3Al or Ni3(Al, Ti). However, notable elemental 

substitution is observed within this phase. For instance, Co and Cr may substitute for Ni, 

and Ti can replace Al. Additionally, Fe can replace either Ni or Al within the structure 

[47]. Pure Ni3Al is a superlattice characterized by the Cu3Au (L12)-type structure that 

possesses a long-range order structure up to its melting point of 1385 oC. It is stable over 

a relatively narrow range of compositions. However, alloying elements possess the 

capacity for extensive substitution in either of its constituents to a considerable degree, 

consequently effecting substantial alterations in the phase properties. The γ' phase is the 

main strengthening precipitate (in which up to 60% of the Al can be substituted by Ti 

and/or Nb) for most of the Ni-base superalloys [2].  

The lattice parameters of γ and γ' phases are close to each other (the crystal lattice 

of the γ' phase varies slightly (0-0.5%) from that of the γ FCC matrix). For this reason, the 

γ' phase forms as a coherent precipitate within the austenitic γ matrix phase (cube to cube 

relationship: {100}γ ‖ {100}γ' (crystal planes are parallel) and <010>γ ‖ <010>γ' (crystal 

directions are parallel)) and it is the main strengthening phase in most of the Ni-base 

superalloys. Additionally, the morphology of the γ' is dependent on the exact composition 

and heat treatment [3,48]. Moreover, γ' phase mismatch with the γ matrix phase, γ' phase 

antiphase boundary (APB) energy (which is the energy associated with the disruption of 

the atomic ordering across an antiphase boundary in an ordered crystal structure), γ' phase 

morphology, and γ' phase stability are affected by the alloying elements [1]. The lattice 

mismatch (δ), which quantifies the compatibility between γ and γ' phases, is a significant 

factor in determining the morphology of the γ' phase. The lattice mismatch is defined 
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according to Equation 2.1 (where αγ and αγ' are lattice parameters of the γ and γ' phases) 

[35]: 

δ = 2 [
α

γ'-αγ

α
γ'+αγ

]     (2.1) 

The γ' phase morphologies change according to the lattice mismatch and tend to be 

spherical (lattice mismatches are between 0 and ± 0.2%), cuboidal (lattice mismatches are 

between ± 0.5 and ± 1%) and platelike (lattice mismatches are above about ± 1.25%) [1]. 

Moreover, Ricks et al. [49] reported that the critical particle size of the γ' phase to change 

the morphology of the γ' phase from spherical to cuboidal during the precipitation 

hardening (aging) heat treatment is dependent on the lattice mismatch and is different for 

individual alloys. Additionally, a larger lattice mismatch leads to the transition occurring 

at a smaller critical particle size of the γ' phase. However, the sign of the mismatch is not 

strongly effective in this transition [50]. Moreover, Figure 2.4 displays the morphology 

evolution of the γ' phase with an increasing aging degree. The γ' phase has spherical 

morphology in the initial stage of the aging (to minimize the surface energy), then it 

continues to grow on the corners until it transforms into the cuboidal morphology which 

mostly observed in the overaged alloys [6].  

 

Figure 2.4 Schematic diagram of the γ' phase morphology development during aging. 

Re-drawn from [35]. 
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The cooling rate during the production process and applied heat treatment affects 

the γ' phase's morphology, size and distribution. Thus, it significantly impacts the final 

properties of the superalloys. Moreover, the monomodal and multimodal γ' phase 

morphologies occur with high and slow cooling rates, respectively. The cooling rate effect 

on the γ' phase morphology in AD730TM wrought Ni-base superalloy is shown in Figure 

2.5 [51]. Furthermore, the volume fraction of the γ' phase plays a crucial role in the 

controlling of the properties (i.e., strength and creep) of the superalloys. The addition of 

Al and Ti elements into the superalloys provides an increase in the volume fraction of the 

γ' phase, but careful control of the amounts of each element is essential. When the Al/Ti 

ratio equals or exceeds 1, prolonged exposure to high temperatures leads to the 

transformation of γ' phase by Ni2AlTi, NiAl, or Ni(Al, Ti). These phases undergo rapid 

overaging at moderately high temperatures, resulting in the formation of substantial 

platelike precipitates. Additionally, when the γ' phase volume fraction exceeds 

approximately 45%, the superalloy becomes challenging to deform through hot or cold 

working. Most wrought Ni-base superalloys possess between 20 and 45% γ' phase volume 

fraction, whereas cast Ni-base superalloys contain about 60% or more γ' phase volume 

fraction according to the composition and application. Additionally, an improvement in 

the creep strength can be obtained with the increase of γ' phase volume fraction [1–3,40]. 

 

Figure 2.5 The evolution of the γ′ phase morphologies (in AD730TM wrought Ni-base 

superalloy) during the various cooling rates [51]. 
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2.3.1.2.2 γ" (Gamma Double Prime) Phase 

The γ" (gamma double prime) phase, classified as a GCP phase, shows an ordered 

BCT D022 crystal structure, commonly represented as Ni3Nb. Although it is not as common 

as the γ' phase, it is the main strengthening phase in IN718. It has a coherent disc-like 

morphology with {100} habit plane and has higher coherency strain and APB energy. The 

metastable γ" phase can transform into the stable orthorhombic δ phase (Ni3Nb, D0a), 

which requires 6-10 wt.% Nb concentration over a long period of exposure to high 

temperatures (above 700 oC) [44,45].  

2.3.1.2.3 δ (Delta) Phase 

The δ (delta) phase, classified as a GCP phase, has an ordered BCT D022 crystal 

structure, commonly represented as Ni3Nb. It is incoherent with the γ phase matrix and can 

be detrimental to the mechanical properties when it is extremely coarse and acicular. On 

the other hand, the δ phase can also lead to grain refinement [45,52,53]. The formation of 

the δ phase occurs within the temperature range of 650 to 980 oC, and its characteristics 

during formation are significantly influenced by temperature. Below 700 oC, nucleation of 

the δ phase is observed at the γ phase grain boundaries, and its growth takes place at the 

expense of γ" phase. When the temperature is between 700 and 885 oC, formation of the δ 

phase is accompanied by rapid coarsening of the γ" phase. The rapid formation of the δ 

phase in less than 24 h occurs at temperatures between 840 and 950 oC [35]. 

2.3.1.2.4 η (Eta) Phase 

The η (eta) phase, classified as a GCP phase, has a hexagonal D024 crystal structure, 

commonly represented as Ni3Ti. The η phase can develop in Fe-Ni-base, Ni-base, and Co-

base superalloys, particularly in grades featuring high Ti/Al ratios that have undergone 

prolonged exposure to high temperatures. Moreover, the η phase which is incoherent with 

the γ phase matrix exhibits limited solubility for other elements [3]. Although it has a 

slower precipitation rate, it tends to grow more rapidly, along with forming larger particles 

(which can extend across grains) compared to the γ' phase. Two distinct forms of the η 

phase may be observed. They can be classified as a cellular constituent, resembling 

pearlite, with alternate lamellae of γ and η (at grain boundaries) and platelets with a 

Widmanstätten pattern (intragranular). The cellular form has a detrimental effect on 

notched stress-rupture strength and creep ductility, while the Widmanstätten pattern 

impairs stress-rupture strength without affecting ductility [3]. The η phase is relatively easy 



19 

to identify due to its characteristic appearance. Furthermore, the η phase occurs at elevated 

temperatures, but a solid-state transformation to the γ' phase is also possible at lower 

temperatures [33,54]. 

2.3.1.3 Carbides, Nitrides, and Borides 

Carbides affect the superalloy properties either improving or reducing according to 

their location, composition and morphology. They tend to be located at the grain 

boundaries in Ni-base superalloys. On the other hand, they are commonly observed 

intragranular in Co- and Fe-Ni-base superalloys. Generally, they contribute positively to 

rupture strength at high temperatures according to their composition and morphology. For 

example, fine blocky dispersed particles located on grain boundaries can provide a 

strengthening effect by impeding grain boundary sliding, consequently enhancing creep 

and rupture strength. However, if these elements are present in the form of continuous 

films along the grain boundaries, they can have a detrimental impact on ductility and 

impact resistance by providing easy crack initiation and propagation. Additionally, the 

chemical stability of the superalloy matrix can be adversely affected by carbides due to the 

locally depleting carbide-forming elements [40,41,47]. 

There are some significant types of carbides such as MC, M6C, M23C6, and M7C3 

(M represents a metal atom such as Cr, Mo, Ti, Ta, Nb or Hf). The MC carbides, which 

are primary carbides and commonly have an FCC crystal structure, form as eutectic phase 

or discrete blocky particles during the solidification. They are generated through either 

direct reactions or precipitation from supersaturated solid-solutions at high temperatures 

(about 1038 oC) [1]. These carbides occur as discrete particles that are heterogeneously 

distributed throughout the superalloy in different locations such as intragranular, 

intergranular, and often between dendrites [1,35]. In superalloys, MC carbide formation 

follows the preferred order: HfC, TaC, NbC, and TiC (in order from high to low stability). 

It should be noted that this order differs from the thermodynamic order, which is HfC, TiC, 

TaC, and NbC [2]. Moreover, they can possess coarse cubic, random, globular, blocky, or 

script morphologies (Figure 2.6). Although they are stable at low temperatures, they can 

degenerate into secondary carbides at higher temperatures  [1,47].  

The M23C6 and M7C3 carbides, which are secondary carbides, primarily form along 

the grain boundaries in different morphologies such as irregular, discontinuous blocky 

particles, plates, cells, regular geometric or discrete globular (the most desirable). M23C6 

carbides (while Cr is the primary "M" element, other metallic elements such as Ni, Co, Fe, 
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Mo, and W can act as substitutes, i.e., Cr23C6) readily precipitate in superalloys featuring 

a moderate-to-high Cr content during lower-temperature heat treatment and service 

(typically within the range of 760 to 816 °C, with the possibility of formation extending 

up 982 °C). The formation of M23C6 carbides can be attributed to both the degeneration of 

MC carbides and the utilization of available soluble residual carbon within the alloy matrix. 

Although they commonly precipitate at the grain boundaries, they may form along the twin 

bands, stacking faults, and at twin ends. Moreover, globular, or discontinuous blocky 

M23C6 carbides at the grain boundaries can enhance ductility and creep resistance by 

inhibiting grain boundary sliding [1,3,41]. 

 

Figure 2.6 The carbide morphologies: (a) schematic image, and (b) SEM image for MC, 

M23C6 and M6C carbides. Re-drawn from [47].  

The formation of M23C6 carbides may form according to the following equations 

[47,55]: 
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γ → M23C6 + γ                                                           (2.2) 

and/or 

MC + γ → M23C6 + γ' (760-980 oC)                                     (2.3) 

The M6C carbides, which have complex cubic structures, form at slightly higher 

temperatures (815 to 980 oC) than M23C6 carbides. They are like M23C6 carbides and rich 

in such refractory elements (Mo and W) and more thermodynamically stable than them. 

However, higher Mo + W content (6 to 8 at.%) is required to form them in Ni-base 

superalloys. The decomposition of MC carbides or soluble residual carbon in the matrix 

can form the M6C carbides [40]. They tend to precipitate at the grain boundaries in a blocky 

form and intragranular in an acicular morphology [47]. The M6C carbides can form 

according to the following equations [55]: 

MC + γ → M6C + γ'  (815-980 oC)                                     (2.4) 

and/or 

M6C + M' ↔  M23C6 + M"                                          (2.5) 

Superalloys have TiN (the most common nitride), HfN, and NbN nitrides, which 

appear as small particles (yellow to orange colour). They are not affected by the heat 

treatments and are not soluble in the melting point of the superalloy. Additionally, they do 

not have any major effect on the mechanical properties [3]. 

Boron is added in small amounts to some superalloys to enhance stress-rupture and 

creep properties, or to retard η phase formation. Borides having blocky to half-moon 

shapes, are found mainly at the grain boundaries. Additionally, they can be used to improve 

the strength of Fe-Ni-base and Ni-base superalloys, similar to carbides [40]. 

2.3.1.4 Topologically Close Packed Phases (TCP) 

Topologically close-packed (TCP) phases, which can form platelike or needle-like, 

are considered undesirable in superalloys due to the adverse effects on the rupture strength 

and ductility. The TCP phases can occur during the heat treatment or more commonly in 

service and are composed of close-packed layers of atoms. In superalloys, the TCP phases 

include σ (AxBy), μ (Ax′By′), and Laves (A2B) phases (A is Fe, Ni, or Co, and B is Nb, Mo, 

Ta, or Cr). Moreover, the presence of high levels of BCC transition metals, such as Cr, W, 

Ta, Mo, and Nb, contributes to the formation of TCP phases [40,56,57]. Among the TCP 

phases, the σ phase (a composition of (Cr46Fe54) or (Ni)8(Cr, Mo)4(Cr, Mo, Ni)18) is the 
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most detrimental phase because it can cause brittleness and crack initiation and propagation 

sites. Furthermore, it comprises a high percentage of refractory elements. Therefore, the σ 

phase precipitation can deplete refractory metals in the γ matrix. Thus, a reduction of 

strength in the γ phase matrix can occur. Additionally, it can form at the grain boundaries 

(where high Mo and Cr concentrations) in superalloys with high γ' phase volume fractions 

[2,40]. 

2.3.2 Alloying Elements in Ni-base Superalloys 

Mechanical properties (such as yield strength, toughness, ductility, low-cycle 

fatigue life and creep), various microstructural features (i.e., the γ/γ′ lattice mismatch, γ′ 

phase volume fraction, diffusion rates, APB energy and stacking fault energy (SFE)) or 

cost can be tailored by adjusting the composition and in superalloys. Additionally, surface 

stability improvement is achieved by forming a protective surface oxide scale, primarily 

composed of Cr and/or Al oxides [1]. The role of alloying elements in Ni-base superalloys 

are given in Table 2.2.  

Table 2.2 Role of alloying elements in Ni-base superalloys (adapted from [1,40]). 

Elements in Ni-base Superalloys Effect 

Co, Cr, Fe, Mo, W, Re Solid-solution strengtheners 

 

Ta, Ti, Nb, Hf 

Cr 

Cr, Mo, W 

Mo, W, Nb 

Carbide formation: 

MC 

M7C3 

M23C6 

M6C 

C, N Carbonitrides: M(CN) 

Al, Ti γ' phase (Ni3(Al, Ti)) formation 

Co Raises solvus temperature of the γ' phase 

Al, Ti, Nb, Ta Hardening precipitates and/or intermetallics 

Al, Cr, Y, La, Ce Oxidation resistance 

La, Th Improves hot corrosion resistance 

Cr, Co, Si Sulfidation resistance 

B, Ta, Re Improves creep properties 

B Increases rupture strength 

B, C, Zr, Hf Grain-boundary strengtheners 

Re Retards the γ' phase coarsening 
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2.3.3 Strengthening Mechanisms for Ni-base Superalloys 

Aerospace metals must possess the ability to endure high stress without undergoing 

plastic deformation. The enhancement of metal strength involves impeding the movement 

of dislocations under an externally applied load. The strength properties can be increased 

by stopping or slowing dislocation slip. Several methods such as strain (work) hardening, 

solid-solution strengthening, dispersion strengthening, precipitation (or age) 

strengthening, and grain refinement strengthening can be employed to enhance resistance 

against dislocation slip [36].  

2.3.3.1 Grain boundary strengthening 

Grain boundary strengthening occurs as dislocations move through a crystal lattice 

and encounter grain boundaries. The mismatch in lattice orientation and the repulsive strain 

field at the boundary stop dislocations, causing them to accumulate and form a pile-up. 

The increasing repulsive stress from successive pile-ups eventually forces dislocations to 

move into the adjacent grain, thus strengthening the material [36].  

Increasing the number of neighbouring grains by decreasing grain size results in 

more grain boundaries creating more barriers against dislocation movement, along with 

increasing the amount of stress necessary to move dislocation across a grain boundary [58]. 

The reduction in grain size has additional beneficial effects, such as an increment in 

strength, fracture toughness and fatigue life [36]. 

The Hall-Petch relationship given by Equation 2.6 (D is the mean grain size, σy is 

the yield strength, σ0 is the friction stress of the matrix, a material constant defining the 

stress required to move dislocations in a single crystal without a grain boundary (D-1/2=0), 

and ky is a material constant representing the slope of the σy vs D-1/2, that has been 

determined to be 750 MPa μm-1/2 for superalloys,) explains the inverse relationship 

between yield strength and grain size [36,58,59]. 

σy = σ0 +
ky

√D
                  (2.6) 

The Hall–Petch relationship is applicable for metals with a grain size between about 

1 mm and 1 μm. However, it is not valid for materials with grains that are larger than 1 

mm and smaller than 1 μm [36]. 
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2.3.3.2 Solid-Solution Strengthening 

Solid-solution strengthening increases the matrix strength by adding alloying 

elements that integrate into the crystal structure of the base metal, forming a solid solution 

by occupying either interstitial or substitutional lattice sites. The size, crystal structure, and 

electronegativity of the alloying element, according to the Hume–Rothery rules, determine 

its location in the lattice. If the atomic size of the alloying element is much smaller 

(typically less than 60%) compared to the base metal atoms, it occupies an international 

site; if the size difference is within about 15%, it occupies a substitutional site [1,36,60]. 

Moreover, solute atoms affect the gamma matrix by altering the local modulus and atom 

arrangements, limiting atom diffusion, and changing the stacking fault energy (SFE) of the 

matrix, thereby achieving significant hardening [1].  

The lattice strain provides a barrier to dislocation movement. Thus solid-solution 

strengthening takes place and the easy movement of dislocation through the strained region 

of the crystal lattice determines the strengthening degree. The dislocations are attracted or 

repelled by the interstitial or substitutional atoms (which create the local strain) and this 

impedes their motion. To move the dislocation against the strain field, applied stress must 

be increased. Hence, this increases the yield strength. To have an effective hardening 

process with solid-solution strengthening, the alloying elements should have a high degree 

of solid solubility in the host metal. The insoluble alloying elements form second-phase 

particles. This does not provide solid-solution strengthening [36]. Moreover, the yield 

strength, ultimate tensile strength, and hardness of aerospace alloys can be increased by 

solid-solution strengthening. However, the effectiveness of solid-solution strengthening 

reduces above approximately 60% of the absolute melting temperature (0.6Tm) due to 

increased diffusion [40]. 

2.3.3.3 Precipitation Strengthening 

Precipitation strengthening is a strengthening process that involves the formation 

of hard precipitate particles within the host alloy, thereby restricting dislocation slip. This 

can be achieved by the addition of elements such as Ti, Al, and Nb (in the case of Ni-base 

superalloys) which have limited solubility (drastically decreasing with a reduction in 

temperature) in the alloy matrix. The host matrix rejects the alloying elements from the 

lattice sites when the solubility decreases with temperature reduction, and the rejected 

atoms create small precipitates that induce high lattice strains. Thus, the high lattice strains 

resist dislocation slip which increases strength. These precipitates which are the γ'-Ni3(Al, 
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Ti) or γ"-Ni3Nb phase (generally coherent intermetallic compounds) can be generated 

during heat treatment from the supersaturated solid solution and inhibit the dislocation 

movement. Moreover, dislocation movement within a matrix containing precipitates can 

only occur by either cutting through the particles or bypassing them. Precipitation 

strengthening can provide a significant increase in the creep strength of alloys for high-

temperature applications [1,36,40]. 

Precipitation strengthening is achieved via age hardening heat treatment by forming 

a fine dispersion of precipitates which impede the dislocation movement. Precipitation 

strengthening takes place in the following steps [60]: 

- Solution heat treatment (SHT) step: the alloy is heated at a high temperature 

(within the single-phase region) to dissolve and disperse the alloying elements in the host 

metal matrix.  

- Quenching: after the SHT step, the alloy is rapidly cooled down from the SHT 

temperature to achieve a supersaturated solid solution of alloying elements in the host 

metal.  

- Aging or age hardening step: the alloy is reheated to an intermediate temperature 

to obtain finely dispersed precipitate particles. 

The effectiveness of precipitation strengthening can be controlled by the following 

factors [1,40,58]: 

- Coherency strains between the γ matrix phase and the precipitate phases (γ' and 

γ" phases).  The difference in their lattice parameters creates coherency strains. 

- APB energy (representing the energy required for the dislocation to cut through 

the ordered precipitate) in the presence of an ordered precipitate phase (γ' and γ" phases). 

The dislocation cutting could create disordering between the precipitate phases and matrix. 

- Volume fraction of the precipitate phases (γ' and γ" phases). 

- The particle size, morphology, and distribution of the γ' and γ" phases. 

Precipitation strengthening contains different strengthening mechanisms which are 

solid-solution strengthening (SSS), Guinier-Preston (GP) strengthening, coherent 

precipitate strengthening and incoherent precipitate strengthening (shown in Figure 2.7) 

[36]. 
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Figure 2.7 (a) Precipitation strengthening mechanism, (b) the effect of aging time on 

strength and particle size during aging heat treatment, and (c) a schematic drawing of 

coherent and incoherent precipitates. Re-drawn from [36]. 

When the γ' phase particles are larger than the critical size and too strong to be cut 

through, dislocations bend and loop around the particles which is called dislocation bowing 

(Orowan strengthening). Incoherent precipitate strengthening occurs by the Orowan 

hardening mechanism. Conversely, if the γ' phase particles are smaller than the critical 

size, dislocations can traverse them, a process referred to as dislocation cutting (Figure 

2.8).  

Incoherent precipitates generate higher lattice strains, promoting Orowan 

strengthening and increasing resistance to dislocation slip compared to coherent 

precipitates. Maximum strengthening occurs with closely spaced incoherent precipitates 

and during the transformation of coherent to incoherent precipitates. Over-aging leads to 

the coarsening of precipitate phases, resulting in a reduction in strength [36,58,61] . 
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Figure 2.8 The interaction between dislocations and particles depends on the size of the 

precipitates. Re-drawn from [58]. 

Carbides can provide carbide hardening by inhibiting grain-boundary slip when 

they preferentially precipitate at the grain boundaries. Grain boundaries can be mainly 

stabilized with small globular and noncohesive carbides. When carbides precipitate within 

the grains, they can also provide strengthening (in the same way as precipitates, but less 

effective than that of the typical gamma phase precipitate). However, they are more 

effective when they precipitate at the grain boundaries, and they improve creep resistance 

by preventing grain-boundary sliding and pinning and avoiding grain growth [1,3,40]. 

Oxide dispersion strengthening (ODS) is another mechanism that is similar to 

precipitation hardening. However, strengthening agents (such as oxides which are always 

incoherent within the alloy) are not precipitated from the matrix but rather added to the 

alloy separately. ODS alloys are very suitable for elevated-temperature applications 

because the oxide dispersion contributes to strengthening, and this strengthening effect 

remains effective up to temperatures as high as 1300 °C [3,40]. 
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2.3.4 An Overview of the Chemistry, Physical, and Materials Properties of IN939 

2.3.4.1 Chemical Composition and Microstructure of IN939 

IN939, which is also known as Nimocast 739, was developed in the late 1960s by 

the International Nickel Company to meet the demand for a robust, highly corrosion-

resistant alloy, capable of prolonged operation at temperatures up to 850°C, as a cast alloy 

with an increased precipitation-hardening phase volume fraction and improved corrosion 

resistance when compared to the existing IN738LC alloy [4,62–65]. It is a precipitation-

hardenable Ni-base superalloy, which is strengthened mainly by the formation of L12-

ordered γ' phase (Ni3(Al, Ti)) and has been widely used for land-based and marine gas 

turbines, fuel nozzles, diffusers, turbine airfoils and aircraft engines, due to its outstanding 

properties such as microstructural stability of elevated temperatures up to approximately 

850 ◦C, as well as high-temperature corrosion, oxidation and creep resistance [11–15]. 

The specific chemical composition of IN939 can vary according to different 

manufacturers. The nominal chemical compositions determined by the International 

Nickel Company (INCO), EOS Inc., Siemens Energy Inc., and SLM Solutions Inc. are 

shown in Table 2.3. IN939 has Ni as a base element providing FCC crystal structure matrix. 

Additionally, it comprises high amounts of Cr and Co, in addition to various other 

significant major and minor alloying elements. Alloys high in Cr (>15 wt.%) and low in 

Al (<3 wt.%) form a Cr2O3 scale and an Al2O3 subscale protective oxide layer that provides 

hot corrosion resistance [66]. Cr is predominantly located within the γ matrix, where it acts 

as a potent solid-solution strengthener. Additionally, carbides and TCP phases contain Cr.  

The density of IN939 is in the range of 8.1 and 8.2 g/cm3, which varies according 

to the manufacturers. Some of the reported density values for IN939 in the literature are 

8.1 g/cm3 [67], 8.15 g/cm3 [68], 8.16 g/cm3 [62] and 8.2 g/cm3 [69]. 

IN939 was developed as cast and is still produced as cast [62,64–66,70–80]. 

However, it can be fabricated using different fabrication methods such as wrought [77,81], 

and recently additive manufacturing (AM) [15,18,33,63,74,77,82–90]. The fabrication 

method has an important role in the final microstructure of the alloy because it affects the 

solidification.   
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Table 2.3 The nominal chemical composition of IN939 according to different 

manufacturers. 

Element 

(wt.%) 
INCO [62] EOS [68] 

Siemens 

Energy [67] 

SLM 

Solutions [69] 

Ni Balance Balance Balance Balance 

C 0.15 0.15 0.15 0.15 

Cr 22.5 22.5 22.0 22.0-23.0 

Co 19.0 19.0 19.0 18.0-20.0 

W 2.0 2.0 2.0 1.0-3.0 

Nb 1.0 1.0 1.0 0.5-1.5 

Ta 1.4 1.4 1.4 1.0-1.8 

Ti 3.7 3.7 3.7 3.0-4.5 

Al 1.9 1.9 1.9 1.0-3.0 

Zr 0.1 0.1 
<0.03 

0.1 

B 0.01 0.01 - 

Si - - 
<0.5 

0.5 

Mn - - 0.5 

 

As-cast IN939 has a dendritic microstructure having the γ matrix phase, along with 

other phases such as γ' phase, carbides, and η phase (Figure 2.9). The dendritic structures 

have elemental segregations such as Cr, Co, and W in the dendrites and Ti, Ta, and Nb 

concentrated in interdendritic areas. Additionally, IN939 possesses two types of carbides 

which are MC and M23C6 carbides. MC carbides are based on Ti, Ta, and Nb, and 

predominantly found in intragranular locations, whereas M23C6 carbides are based on Cr, 

and formed largely at intergranular locations, particularly after degeneration of the MC 

phase during aging at 800 to 900 oC [62,65,77]. Although the casting parameters such as 

pouring and mould temperature, mould backing, and mould inoculation have no crucial 

effect on the degree of elemental segregation, they affect the cast microstructure (i.e., grain 

size and dendrite size). Recently, Jahangiri [78] investigated the effect of the solidification 

cooling rate on the microstructural characteristics of cast IN939. According to his study, 

the higher cooling rates promote more regular and polygonal MC carbides, whereas the 

lower cooling rates provide a Chinese script form of MC carbides. Additionally, the γ' 

phase was formed as coarse and cubic morphology in the dendrite cores, and very coarse 

and flower-like in the interdendritic regions, respectively when the cooling rates were 

around 0.13 oC/s. On the other hand, mainly spherical γ' phase in the dendrite cores, and a 

mixture of spherical and cubic γ' phase in the interdendritic regions were observed at 
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cooling rates around 1.1 oC/s. Moreover, the γ' phase volume fractions in as-cast IN939 are 

reported about 25% in the dendrite core and about 30% in the interdendritic regions.   

 

Figure 2.9 Optical micrographs of as-cast IN939 (a, b) small section (fast cooling rate), 

(c, d) middle section, and (e, f) heavy section (slow cooling rate). Re-drawn from [78]. 

As-wrought IN939 was reported by Jahangiri et al. [77,81]. In their study, IN939 

ingots were cast, and then two-stage homogenization annealing was carried out at 1125 oC 

(for 20 h) and 1200 oC (for 10 h) to provide complete dissolution of η phase, prevent 

incipient melting and improve hot workability. After that, IN939 ingots were hot rolled. 

The microstructure after homogenization and final hot rolling is shown in Figure 2.10. 

Recrystallization and twins were observed in the wrought IN939 microstructure. These 

twins point out that twinning serves as a significant deformation mechanism for this alloy 

at elevated temperatures. Thus, these twins can affect the dynamic recrystallization of the 

alloy, and precipitation of the γ' phase and carbide particles, along with enhancing the alloy 

strength.  
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Figure 2.10 Optical micrographs of (a, a1) as-cast + two-stage homogenized and (b, b1) 

hot rolled IN939. Re-drawn from [81]. 

Figure 2.11 shows optical microscope and scanning electron microscope (SEM) 

images of IN939 sample fabricated by powder bed fusion-laser beam (PBF-LB) for both 

the XZ and XY planes. The XZ plane images reveal an arc-shaped melt pool morphology, 

resulting from the Gaussian energy distribution of the laser beam applied during the PBF-

LB process. In the XY plane images, the laser beam scanning paths are evident. It is 

important to note that the physical and mechanical properties of as-fabricated parts are 

significantly influenced by the geometry of the melt pool morphology, including its shape, 

width, and depth, which are affected by the thermal history of the PBF-LB process. A high 

magnification SEM image (Figure 2.11(e)) shows the presence of cellular structures 

approximately 0.5 μm in size and columnar dendrites with an average dendrite arm spacing 

of approximately 0.7 μm within the structure [82]. 
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Figure 2.11 Optical microscope and SEM images of the as-fabricated IN939 sample: (a, 

c) the melt pool morphology in the XZ plane, (b, d) the laser beam scanning paths in the 

XY plane (XZ and XY planes are shown with an arrow and a dot, respectively) and (e) 

the high magnification image showing the cellular and columnar structures developed 

within the matrix. Re-drawn from [82]. 

The reaction temperatures have an important role in understanding the 

microstructure and phases of the alloys. Additionally, the stability ranges of different 

phases, as well as the solidus temperature of the alloy, are significant when designing the 

solution and precipitation hardening heat treatments. A summary of the most important 

reaction temperatures for IN939 are given in Table 2.4 [4]. Furthermore, phases observed 

in as-cast, heat-treated and service-exposed IN939 are shown in Table 2.5.  
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Table 2.4 A summary of the most important reaction temperatures for IN939 (adapted 

from [4]). 

Phase reaction 

Temperature (oC) 

Gibbons and 

Stickler [62] 

Temperature (oC) 

Formenti et al. (from DTA) [75] 

Heating Cooling 

Liquidus temperature 

(start of solidification) 
1340 1339 1325 

Formation of primary 

MC 
1300 1276-1313 1250-1290 

Solidus temperature 

(start of melting) 
1235 1235 - 

η phase solvus 

temperature 
1145 - 1209 

γ' phase solvus 

temperature 
1080-1100 - - 

M23C6   carbide solvus 

temperature 
~1000 - - 

σ phase solvus 

temperature 
~950 - - 

Max rate of σ phase 

formation 
~850 - - 

 

Table 2.5 Phases observed in as-cast, heat-treated and service-exposed IN939 (adapted 

from [4,62,78]). 

Phase 
Composition (Elements bold are in 

greater concentration) 
Observed Condition 

γ/γ' eutectic island  As-cast 

γ matrix phase 
Solid-solution (Ni, Cr, Co, Al, Ti, W, Ta, 

Nb) 
4-stage heat treatment 

γ' phase (coarse) Ni3Al (Ni, Co, Al, Ti, Cr, W, Nb, Ta) 4-stage heat treatment 

γ' phase (fine) Ni3Al (Ni, Al, Ti, Co, Cr, W, Nb, Ta) 4-stage heat treatment 

MC carbide MC0.88 (Ti, Nb, Ta, W)(C, N, Si, S, Zr) 
As-cast 

4-stage heat treatment 

MC carbide 
Nb rich 

Ti rich 

As-cast 

4-stage heat treatment 

M23C6 carbide Cr21(Mo, W, Ni, Co, Ti, Zr)2(C, B)6 
4-stage heat treatment + 

service exposed 

σ phase (Ni, Co, Cr, Al, Ti, W, Ta, Nb) 
4-stage heat treatment + 

service exposed 

η phase Ni3(Ti, Ta, Nb, Al) As-cast 

ε phase Elemental Cr (Ni, Co, Cr, Ti, W, Ta, Nb) 
4-stage heat treatment + 

service exposed 

Η phase (Zr, Ti)2(C, S) All conditions 
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2.3.4.2 Heat Treatments of IN939 

The properties of superalloys can be enhanced through the optimization of the 

manufacturing process and/or the application of heat treatments. Heat treatments are 

carried out to obtain optimal material performance, depending on alterations in the 

solubility of elements through heating and cooling processes [41]. Moreover, different 

post-heat treatments provide different microstructure and mechanical properties. These 

post-heat treatments can be categorized as SHT improving mechanical properties by 

dissolving detrimental phases, stress-relieve heat treatment reducing residual stress and 

texture, aging (single or more) providing precipitation of strengthening 

phases, homogenization reorienting columnar grains, and hot isostatic pressing (HIP) 

increasing density by decreasing defects [7,34,45,46]. Thus, optimization of the post-heat 

treatments is a significant step in obtaining the desired properties.  

As mentioned before, IN939 is a precipitation-hardenable Ni-base superalloy. The 

objective of the precipitation hardening heat treatment is to obtain an optimal size and 

distribution of strengthening phases leading to the desired mechanical properties. 

However, it can be challenging to develop a heat treatment regime that provides both 

desired mechanical properties and efficiency in time and cost because of the complex 

microstructure in superalloys. Precipitation-hardening heat treatment has two main steps: 

SHT and aging steps. SHT is predominantly carried out by heating the alloy to a 

temperature between 1040-1230 °C to dissolve the precipitates formed during 

solidification, followed by rapid cooling of the part to ambient temperature, to prevent 

further precipitation. After that, the aging process is applied at a specific range of 

temperatures below the solvus temperature of the γ' phase and holding it at that temperature 

for a defined duration. The aim is to promote the nucleation and growth of the γ' phase, 

which contributes to strengthening the material [6,41,91].  

A 4-stage heat treatment, also called standard heat treatment, for IN939 was 

developed by Shaw [64] to achieve the best tensile ductility, yield strength, and stress 

rupture life. The details of this heat treatment are given in Table 2.6. Furthermore, Gibbons 

and Stickler [62] reported microstructural development in every stage of this heat treatment 

(Table 2.7). Nevertheless, the prolonged duration associated with this heat treatment (50 

h, including heating and cooling times) was considered economically impractical. 

Consequently, more time-efficient processing routes were actively sought.  

https://www.sciencedirect.com/topics/materials-science/homogenization
https://www.sciencedirect.com/topics/materials-science/hot-isostatic-pressing
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Table 2.6 Different heat treatment routes for IN939 (adapted from [4,68]). 

Heat 

treatment 
Temperature (oC) Time (h) Cooling Remark 

4-stage 

heat 

treatment 

SHT 1160 4 FAC 

Produces best overall mechanical 

properties. 

Aging 1 1000 6 FAC 

Aging 2 900 24 AC 

Aging 3 700 16 AC 

2-stage 

heat 

treatment 

SHT 1160 4 FAC 
Suitable for less demanding applications 

such as stationary vanes.  
Aging 1 1000 6 AC 

3-stage 

heat 

treatment 

SHT 1190 4 FAC Developed by EOS for additively 

manufactured IN939. 

 3-stage heat treatment results in similar 

or better properties than commonly used 

4-stage heat treatment. 

Aging 1 1000 6 AC 

Aging 2 800 4 AC 

FAC: Fast air cooling and AC: Air cooling 

 

Table 2.7 Standard heat treatment effects on IN939 microstructure (adapted from [62]). 

Heat Treatment 
Microstructure 

(affected by casting conditions, section size, cooling rates) 

As-cast 

Cored dendritic (dendrite core (Co-Cr-W-rich) and interdendritic regions 

(Ti-Ta-Nb-rich)) 

Primary MC carbide 

Plates of η phase (clusters in interdendritic regions) 

γ/γ' eutectic island (some primary γ' phase formed on cooling) 

Shrinkage pores (up to 0.3%) 

Stage 1:  SHT 

(1160 oC / 4 h / FAC) 

Homogenization of γ matrix 

Dissolution of γ' phase 

η phase rounded or dissolve 

Primary MC carbide unchanged, secondary MC carbide formed on cooling 

Fine γ' formed on cooling (20 nm) 

Stage 2:  Aging 1 

(1000 oC / 6 h / FAC) 

Precipitation of primary γ' phase (70-150 nm) 

Precipitation of MC carbide at grain boundaries 

Stage 3:  Aging 2 

(900 oC / 24 h / AC) 

Growth of primary γ' phase 

Precipitation of M23C6 carbide on grain boundaries in form of strings of 

discrete particles 

Stage 4:  Aging 3 

(700 oC / 16 h / AC) 

Precipitation of fine γ' phase (redissolves at temperature above 820 oC) to 

result in bimodal particle size distribution (150 nm + 20 nm) 

Slight increase in amount of M23C6 carbide 
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Moreover, research remains ongoing on the optimization of heat treatments for 

IN939 because different fabrication methods and process parameters affect the initial 

microstructure, along with phases and elemental segregations. Thus, heat treatments 

should be optimized according to the fabrication methods. In critical applications 

(particularly the aerospace industry), risks must be minimized by subjecting all 

components to the HIP process providing the elimination of pores [4].  

A comprehensive study was conducted by Jahangiri et al. [77] regarding the 

microstructural stability of cast and wrought IN939 after applying 4-stage and 2-stage heat 

treatments during long-term aging. They concluded that a 2-stage heat treatment provides 

a more stable microstructure between 790-827 oC long-time aging, whereas a 4-stage heat 

treatment possesses a more stable microstructure in a temperature range of 827-910 oC. 

Kazempour-Liasi et al. [92] studied the effects of pre- and post-weld heat 

treatments on the cracking of IN939 during welding. They performed 2-, 3-, and 4- stage 

heat treatments as a post-weld heat treatment cycle in addition to various pre-weld heat 

treatments. Additionally, they observed that heat treatments reduced the liquation and 

strain-age cracking in the heat-affected zone (HAZ). 

Philpott et al. [74] compared the conventional heat treatment on the cast and 

additively manufactured IN939. The investigation assessed the impact of HIP, a standard 

4-stage heat treatment and a modified 2-stage heat treatment on both cast and additively 

manufactured IN939. The findings indicated that additively manufactured IN939 

underwent recrystallization and grain growth yet maintained a much smaller grain size 

compared to cast IN939. Notably, there was a significant difference in the precipitation 

and growth behaviour of carbides, with additively manufactured IN939 exhibiting 

networks of much finer carbide particles in the microstructure after heat treatment. Despite 

studying the γ' phase precipitation, no notable difference was observed between the cast 

and additively manufactured IN939. 

Shaikh et al. [33] investigated the necessity of the solution heat treatment step for 

IN939 fabricated by PBF-LB by conducting direct aging and solution heat treatment with 

double aging. They reported that as-built IN939 contains sub-micron-sized platelet 

precipitates, which can be η phase according to transmission electron microscopy (TEM) 

compositional analysis in the interdendritic regions. Rapid growth was observed for this 

phase during direct aging (without SHT) and had a detrimental effect on ductility. Drawing 

from the outcomes of this study, it can be deduced that although a SHT may not be 
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mandatory for the dissolution of γ′ phase, it is still required to obtain a stable, eta phase-

free microstructure. 

2.3.4.3 Mechanical Properties of IN939 

The mechanical properties of precipitation-hardenable Ni-base superalloys change 

according to the manufacturing method, applied heat treatment and exposure to high 

temperatures, as the gamma prime phase becomes coarse and thermodynamically stable 

phases form. IN939 is a highly corrosion-resistant alloy capable of prolonged operation at 

temperatures of up to 850 °C. For this reason, microstructural stability at elevated 

temperatures, as well as high-temperature corrosion, oxidation and creep resistance, are 

significant properties for IN939 [3]. Table 2.8 summarizes the mechanical properties of 

IN939.  

Table 2.8 A summary of the mechanical properties of IN939 [4]. 

 21 oC 650 oC 760 oC 870 oC 980 oC 

YS 0.2% Offset (MPa) 800 695 635 400 205 

UTS (MPa) 1050 985 915 640 325 

Tensile Elongation (%) 5 7 7 18 25 

1000 h–Rupture Strength (MPa) 425 195 60   

Youngs Modulus (GPa) 195 to 205 

Compressive Strength (MPa) 700 to 880 

Flexural Modulus 195 to 205 

Modulus of Rupture (MPa) 700 to 880 

Shear Modulus (GPa) 75 to 85 

Bulk Modulus (GPa) 140 to 165 

Poisson’s Ratio 0.27 to 0.29 

Fatigue Strength at 107 cycles (MPa) 340 to 535 

Fracture Toughness (MPa√𝒎) 26 to 28.9 

Hardness (HV) 250 to 350 

YS: Yield strength and UTS: Ultimate tensile Strength 

All values are given for tests at room temperature (RT) unless otherwise stated. 

 Values given in ranges account for aging condition of alloy. 

 

Additionally, the mechanical properties of the as-built and heat-treated IN939 

fabricated by PBF-LB are given in Table 2.9. Moreover, Table 2.10 shows the comparison 

of the measured average room temperature tensile properties for the heat-treated cast and 

additively manufactured IN939. For all four heat treatments, additively manufactured 
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IN939 samples have higher yield strengths and elongation values higher than cast IN939. 

This can be explained by the smaller grain size and finer precipitates in the microstructure. 

Table 2.9 Mechanical properties of IN939 fabricated by the PBF-LB [68]. 

Build 

Direction 
Tensile Test Condition 

0.2% YS 

(MPa) 

UTS 

(MPa) 

Elongation 

(%) 
HRC 

As-built 

(Vertical) 
@Room temperature 

740 1090 28 

33 
As-built 

(Horizontal) 
880 1160 24 

Heat-treated 

(Vertical) 
@Room temperature 

1100 1500 13 

48 
Heat-treated 

(Horizontal) 
1130 1520 11 

Heat Treatment: 4 h, 1190 oC (FAC) + 6 h, 1000 oC (FAC) + 4 h, 800 oC (AC) 

Temperature 25 - 100 oC 25 - 200 oC 25 - 400 oC 25 - 600 oC 25 - 800 oC 25 - 900 oC 

CTE 

 (As-built) 
12.18*10-6/K 12.89*10-6/K 13.78*10-6/K 13.49*10-6/K 13.99*10-6/K 15.06*10-6/K 

CTE 

 (Heat-treated) 
11.79*10-6/K 12.64*10-6/K 13.64*10-6/K 14.27*10-6/K 15.29*10-6/K 16.32*10-6/K 

CTE: Coefficient of Thermal Expansion 

Table 2.10 Comparison of the measured average room temperature tensile properties for 

the cast and additively manufactured IN939. 

Fabrication 

Method 
Heat Treatment 

0.2% YS 

(MPa) 

UTS 

(MPa) 

Elongation 

(%) 
Reference 

As-cast 

4-stage 

4 h, 1150 oC + 6 h, 1000 oC + 24 h, 

900 oC + 16 h, 700 oC 

786 958 3.4 

[80] 

3-stage 

4 h, 1150 oC + 6 h, 1000 oC + 16 h, 

700 oC 

785 978 3.6 

2-stage 

4 h, 1150 oC + 16 h, 845 oC  
823 861 2.0 

2-stage 

4 h, 1150 oC + 6 h, 1000 oC 
651 974 9.2 

Fabricated 

by PBF-LB 

4-stage 

4 h, 1150 oC + 6 h, 1000 oC + 24 h, 

900 oC + 16 h, 700 oC 

1041 - 10.0 

[4] 

3-stage 

4 h, 1150 oC + 6 h, 1000 oC + 16 h, 

700 oC 

1103 - 10.9 

2-stage 

4 h, 1150 oC + 6 h, 1000 oC 
986 - 18.2 

2-stage 

4 h, 1150 oC + 16 h, 845 oC  
1164 - 12.2 

Room temperature tensile properties for the vertically fabricated samples. 
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2.3.5 Cracking Phenomena in Ni-base Superalloys 

Ni-base superalloys, especially those that have a high-volume fraction of the γ' 

phase (>30%), are prone to cracking during processing or heat treatment due to their 

complex chemistry and high-temperature strength [93]. This susceptibility is particularly 

pronounced in rapid solidification processes, such as welding or PBF-LB processes, rather 

than casting [48,94,95]. Figure 2.12 exhibits the weldability assessment plot of some Ni-

base superalloys according to the composition of Al + Ti and Cr + Co. Although these 

assessments act as a useful guide for weldability, cracking can still occur even in 

"weldable" superalloys because of incompatible processing conditions [93]. The rapid 

melting and solidification of metal during the PBF-LB process may cause high residual 

stress, undesirable metastable phases and cracking according to process parameters. For 

this reason, it is important to note that cracking can be observed in conventionally weldable 

Ni-base superalloys such as Hastelloy X fabricated by the PBF-LB when incompatible 

process parameters are used [29,96–99]. 

 

Figure 2.12 The weldability assessment plot for some Ni-base superalloys. Re-drawn 

from [100]. 

There are four cracking mechanisms which are solidification cracking, liquation cracking, 

strain-age cracking and ductility-dip cracking for precipitation-strengthened Ni-base 

superalloys. The main crack types in Ni-base superalloys, along with the comparison are 

given in Figure 2.13 [48,99,101,102]. 
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Figure 2.13  (a) The main crack types in Ni-base superalloys and (b) comparison of their 

mechanisms. Re-drawn from  [48,102]. 
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2.3.5.1 Solidification Cracking  

Solidification cracking, which is also called hot cracking, is commonly observed in 

Ni-base superalloys fabricated by traditional manufacturing methods (such as casting), 

welding, and AM. Solidification cracks, also known as hot tears, occur where the material 

is in a semisolid state within the solidifying melt pool or the mushy zone [94,102,103]. 

The mechanism of solidification cracking, along with SEM images of solidification cracks 

in CM247LC and IN939, are shown in Figure 2.14. Moreover, high-angle grain boundary 

(HAGB, Ɵ>15o) behaving as repulsive boundaries are more prone to solidification 

cracking than low-angle grain boundary (LAGB, Ɵ<15o) behaving as attractive 

boundaries, as HAGB energy causes more stable liquid films, increasing cracking risk 

[104–106]. Furthermore, grain boundary strengthening elements (Zr, B, and C) segregate 

to the interdendritic regions upon melting and generate the low-melting liquid films. For 

this reason, they increase the susceptibility to solidification cracking. In addition to them, 

P and S which must be kept to the lowest possible point show the same effect, adding no 

benefit to the alloy. In general, the addition of alloying elements may promote 

solidification cracking when they widen the solidification range [4,94].  

Solidification cracking occurs during the AM solidification process according to 

the following [94,102,103,107]: 

- Dendrites form at the interface between molten and solid metal phases. Rapid 

heating and cooling cause non-equilibrium solidification, leading to solute segregation at 

the solidification interface. Segregated elements at grain boundaries lower the solidus 

temperature, creating low-melting liquid films around emerging grains. 

- As dendrites grow and merge, they isolate areas of molten metal ("islands"), 

forming voids that serve as crack initiation sites upon solidification. The solidification of 

these islands results in the formation of voids (which are not fed by molten metal supply, 

serving as sites where cracks initiate). 

- When residual stress occurs during the solidification process, this can be 

transmitted through solids but not by liquids. Consequently, this stress accumulates in the 

liquid films, surpassing their yield strength. Finally, cracking paths form within these 

liquid films, along which tears propagate in the final stage of solidification. Thus, the 

formation of cracks occurs. 
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Figure 2.14 (a) The solidification cracking mechanism and (b) SEM images of 

solidification cracks in CM247LC and IN939. Re-drawn from [16,102,103,108]. 

2.3.5.2 Liquation Cracking 

Liquation cracking, classified as a hot cracking, occurs in the laser-welding 

formation and appears as tiny tears in the HAZ of welding beads and melt pools. The heat-

flow mechanics and thermal stresses, phases present, and their morphology, freezing 

ranges and grain boundary orientation affect this cracking. Additionally, the formation of 

localized liquid films and the nature of thermal stresses are two critical factors [93,103]. 

There are two basic mechanisms for HAZ liquation cracking:  
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- Segregation mechanism where solute and/or impurity elements segregate to the 

grain boundaries through a diffusion mechanism, thereby reducing the local melting 

temperature of the grain boundary. Solid solution-strengthened Ni-base superalloys show 

mostly the segregation mechanism because they are designed to be single-phase with all 

alloying elements in solution. Also, their cracking susceptibility is generally lower than 

that of precipitation-strengthened Ni-base superalloys [94].  

- Penetration mechanism where local melting takes place within the microstructure 

at elevated temperatures and intersects with a mobile grain boundary. Subsequently, the 

liquid infiltrates and wets the grain boundary. The penetration mechanism has two 

conditions such as constitutional liquation and low-melting-point secondary precipitation 

(eutectic melting). In constitutional liquation, which occurs in Ni-base superalloys with 

secondary constituents (i.e., carbides, intermetallics, or TCP phases), the rapid heating 

during welding does not allow sufficient time for the secondary phase to dissolve 

completely into the matrix. When the eutectic temperature is surpassed, the secondary 

phase interacts with the matrix, forming an interfacial liquid film at the eutectic 

composition. These films can coalesce into larger areas, leading to liquation cracking 

[94,103,109]. In low-melting-point secondary precipitation, there is not enough time for 

the dissolution of the eutectic constituents such as γ'-γ eutectic precipitates [110], γ-Laves 

eutectic precipitates [111], and carbides [112] due to the rapid heating cycle. When the 

temperature exceeds the eutectic temperature, these eutectic constituents simply melt. 

When the superalloy surpasses its maximum solid solubility, the eutectic constituent 

remains insoluble regardless of the heating rate, leading to consistent localized melting 

[94,103]. The penetration mechanism types in liquation cracking, along with SEM images 

of liquation cracks in CM247LC are shown in Figure 2.15. 

Liquation cracks are prone to propagating along the HAGBs like solidification 

cracks. Although liquation cracking is similar to solidification cracking, there is no 

dendritic structure on the cracked surface in liquation cracks [102,113]. 
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Figure 2.15 (a) The penetration mechanism types in liquation cracking and SEM images 

of liquation cracks in CM247LC. Re-drawn from [16,103].  

2.3.5.3 Solid-State Cracking 

Strain-age cracking (SAC), a type of solid-state cracking or cold-cracking, is 

specific to the precipitation-strengthened Ni-base superalloys. It occurs mostly in the HAZ 

(just adjacent to the fusion boundary) during post-weld heat treatment or service, but it is 

also possible, albeit unlikely, to occur during reheating in multipass welds [4,48,94,102]. 

SAC is most common in the γ' phase strengthening superalloys and the term "unweldable" 

is used for many of these superalloys because of their susceptibility to SAC. The 

precipitation of the γ' phase from the oversaturated γ phase results in enhanced strength but 

reduced ductility when the material undergoes its initial heating cycle and passes the 
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associated temperature range (approximately 500-1100 °C). Subsequently, the process-

induced stresses and additional stresses from the γ' phase precipitation (volume change) 

cause the formation of SAC at stress concentration points such as grain boundaries and 

weak points in the microstructure [4,48,94,99,114]. 

For SAC, the local strain and aging must occur almost simultaneously and general 

observations about SAC are the following [94]: 

- It is always intergranular. 

- Although it is most common in the HAZ (adjacent to the fusion line), it can be 

linked with the partially melted zone (PMZ) in some cases. 

- It occurs during post-weld heating to the SHT temperature due to the simultaneous 

occurrence of precipitation and localized strain accumulation at grain boundaries. 

Ductility-dip cracking (DDC) which is a solid-state phenomenon occurring at 

elevated temperatures, typically occurs in austenitic stainless steel and Ni-base superalloys 

(produced through multi-pass welding and laser-based AM). It is reported that these cracks 

are believed to be linked to a phenomenon known as a dramatic reduction in ductility (a 

ductility dip) in Ni-base superalloys under intermediate temperature conditions. Moreover, 

DDC possesses a creep-like mechanism that occurs in a temperature range that is below 

the threshold for dynamic recrystallization but high enough to allow grain-boundary 

sliding [4,102,103]. For this reason, a DDC is likely to form at a temperature ranging from 

0.5Tm to 0.7Tm of the superalloy (at which temperature the superalloy suffers a quick 

drop of ductility). Furthermore, DDC susceptibility is affected by grain size, grain 

boundary segregation, grain boundary pinning by carbides and borides, impurities, alloy 

composition, precipitation, crystallographic orientation, relative to the applied stress and 

dynamic recrystallization [102,112,115,116]. Figure 2.16 shows examples of solid-state 

cracking.  

IN939 is in the “fairly weldable” region according to Figure 2.12. Also, it is very 

close to the readily weldable region. There are limited studies about the cracking 

phenomena of IN939 in the literature. The liquation cracking (which was led due to MC 

carbide, γ′ phase particles, the eutectic γ−γ′ phase and the low melting phases) was reported 

in the HAZ of cast IN939 during tungsten inert (TIG) gas weldments [92,117–119]. On 

the other hand, solidification cracking and solid-state cracking were observed in IN939 

fabricated by PBF-LB [16,85].  
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Figure 2.16 Examples of solid-state cracking. Re-drawn from [16,102].  

Crack suppression has gained lots of attention and there is still much research 

ongoing about this worldwide. A summary of crack suppression methods and the causes 

of cracks is given in Figure 2.17. Basically, process parameters optimization, 

postprocessing and material modification are used to suppress cracks in Ni-base 

superalloys fabricated by high-energy beam AM [93,102,103]. 
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Figure 2.17 A summary of crack suppression methods and the causes of cracks [102]. 

2.4 Powder Bed Fusion-Laser Beam 

Metal additive manufacturing (AM) processes build parts layer-by-layer. They 

provide numerous advantages over conventional manufacturing processes, such as the 

production of intricate geometries in a single step, along with design freedom, near-zero 

material waste and cost-efficiency compared to conventional manufacturing techniques 

[44,120,121]. One industry that is making increasing use of metal AM is the aerospace 

industry [8,122,123] where revenues are expected to be US$430 billion by the year 2025 

[122].  

The powder bed fusion-laser beam (PBF-LB) process, also known as selective laser 

melting (SLM) and laser powder bed fusion (L-PBF), is a metal AM process that uses a 

focused laser beam to melt metal powder. It has been used for different industries such as 

aerospace, defense, energy, automotive and biomedical industries. Additionally, it is 

particularly useful for the aerospace industry due to the aforementioned properties, high 

dimensional accuracy, reduced mass of components, lower cost and shorter lead times than 

conventional manufacturing approaches [17,124–129]. In PBF-LB process, each layer 

comprises a 2D cross-section of the geometry that is melted by a moving laser beam spot. 

The melted volume rapidly solidifies and bonds to the underlying layer. Figure 2.18 shows 
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the schematic diagram illustrating a typical PBF-LB arrangement, along with the process 

explanation.  

To obtain the desired properties, the required microstructure, density, surface 

roughness and mechanical properties need to be attained through the optimization of 

process parameters. The primary microstructure in the as-built state can be controlled to a 

great extent by the process parameters. Moreover, the desired mechanical properties 

change according to the application areas. For instance, aerospace fasteners require high 

tensile and shear strengths, unlike turbine blades which require excellent creep and fatigue 

resistance [44]. 

 

Figure 2.18 Schematic diagram illustrating a typical PBF-LB arrangement. Re-drawn 

from [130–132]. 
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2.4.1 Process Parameters 

Oliveira et al. [133] reviewed the processing parameters in PBF-LB and found that 

there are more than 100 process parameters that need to be considered. Among those, the 

most influential parameters are laser power, scanning speed, layer thickness, hatch distance 

(distance between successive layer passes) and laser scanning pattern on each layer 

(scanning strategies) [133]. Illustration of classified process parameters for the PBF-LB 

process are shown in Figure 2.19. Moreover, some process parameters can be set in 

advance, while others require monitoring and controlling (Table 2.11) [134]. 

 

Figure 2.19 Illustration of classified process parameters for the PBF-LB process. Re-

drawn from  [134,135].  
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Table 2.11 Predefined and controllable PBF-LB process parameters (adapted from [134]). 

Process Parameters Affected Features 

Controllable 

Parameters 
 

Laser Power 
Distortion, part shrinkage, melt pool size and stability, depth of penetration, 

porosity, impurity picked-up and part functionality 

Scanning Speed 
Surface roughness, distortion, part shrinkage, part density, melt pool size, 

cracks, fracture and part functionality 

Hatch Distance 

Microstructural waviness, surface roughness, microstructural heterogeneity, 

porosity, dimension inaccuracy, shrinkage, melt pool size and part 

functionality 

Defocus Distance Melt pool morphology, mechanical properties, porosity and build time 

Layer Thickness 
Build time, staircase effect, part shrinkage, bonding, part density, porosity, 

surface roughness, dimensional inaccuracy and part functionality 

Predefined Parameters  

Powder Shape Flowability, impurity picked-up, packing density and porosity 

Build Orientation 
Anisotropy, residual stress, staircase effect, porosity, build time, dimensional 

inaccuracy, surface roughness, and functionality 

Powder Size 
Heterogeneity, packing density, porosity, impurity picked-up, functionality 

and balling 

Gas Flow Rate & 

Direction 

Dimensional deviation, quality of layer bonding, porosity and mechanical 

properties 

Chamber & Powder Bed 

Temperature 
Heterogeneity, part shrinkage and warpage 

 

2.4.1.1 Laser Power 

The laser power, a laser-related parameter, is the main parameter that transfers 

energy from the PBF-LB system to the powder. The aim is to melt the powder 

homogeneously to fabricate dense bulk components [17]. Raising the laser power is often 

linked with easier melting of the precursor powders, thus resulting in better densification 

of the as-built parts. Nevertheless, an uncontrolled increase of the laser power alone can 

induce porosity in the final products due to the emergence of keyhole pores and strong 

convective flows in the molten material [136–139]. Moreover, the melt pool dimension 

(generated by heating), microstructural coarsening and a higher incidence of 

microcracking are caused by high laser power [17,136,140–146]. For this reason, process 

parameters optimization is significant to eliminate defects, achieve the highest density and 

reduce the overall cost [137] . 

2.4.1.2 Scanning Speed 

The scanning speed, a scanning-related parameter, refers to the rate at which the 

laser beam moves across the surface of the powder bed. It has a crucial role in determining 
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the build rate of the produced parts. Additionally, it impacts the duration for which each 

section of the powder bed is exposed to the laser power, thereby affecting the energy 

available for melting. High scanning speeds contribute to high build rates. However, they 

may also result in undesirable outcomes such as a lack of fusion porosity and defects (i.e., 

balling) in the as-built materials. These issues are attributed to the elevated shear stresses 

within the melt pool when subjected to such conditions. Moreover, higher scanning speeds 

result in a shallower melt pool depth and narrower scanned line width due to the faster 

solidification rate of the melt pool. On the contrary, the amount of energy per unit of time 

in the melt pool can increase with a low scanning speed, thereby expanding the dimensions 

of the melt pool (which causes keyhole phenomenon and spattering due to turbulent 

melting). Furthermore, high crack density during solidification is often associated with low 

scanning speeds. This phenomenon occurs because low scanning speeds lead to higher 

maximum temperatures within the powder bed, thereby increasing the residual stresses in 

the solidified melt pool [17,108,137,146–150]. 

2.4.1.3 Hatch distance 

The hatch distance or hatch spacing, a scanning-related parameter, determines the 

spacing between two passes of the laser beam, thereby regulating the heating of the powder 

bed surface. A smaller hatch distance can result in excess energy input, while a larger hatch 

distance may cause insufficient contact between molten regions of the powder bed. 

Additionally, small hatch distances lead to extensive overlap of molten material, whereas 

large hatch distances can lead to incomplete melting and the entrapment of unmelted 

powder particles. For this reason, finding an optimal distance is crucial for ensuring the 

quality of the final build [17,130,147]. The literature suggests that the appropriate overlap 

ratio varies depending on the specific case, but typically falls within the range of 40 to 60% 

[147,151]. 

2.4.1.4 Layer Thickness 

The layer thickness, a powder-related parameter, determines the height of each 

successive powder layer that will be melted by the laser beam. Thus, it controls the build 

rate and total production time of individual components, which could be helpful for the 

industries in terms of speeding up the process, along with increasing cost efficiency 

[17,130,152]. Determining the layer thickness involves considering several factors. Firstly, 

it must align with the maximum power capacity of the laser system and whether it can 

adequately melt the thickness at the chosen scanning speed. Additionally, the minimum 
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layer thickness and the minimal feature size that can be built are constrained by the powder 

particle size [130]. Increasing layer thickness leads to adverse effects on the final properties 

of the fabricated parts. These include diminished dimensional accuracy and decreased 

mechanical properties such as YS, UTS, Young’s modulus, Vickers microhardness and 

impact toughness. Moreover, thicker layers result in lower cooling rates within the powder 

bed and larger dendritic arm spacing in the final microstructure. On the other hand, the 

thinner layer thickness is associated with increased tensile strength and hardness 

[17,147,153–155].  

2.4.1.5 Scanning Strategy 

The scanning strategy, a scanning-related parameter, is a combination of several 

factors such as the scanning pattern (or hatch type), hatch distance, off-set (contour), 

hatching starting angle, scan direction, hatch rotating angle per build layer, scan vector 

length and up and down skin [28,130,156–162]. Schematics of different types of scanning 

strategies are given in Figure 2.20. The scanning strategy affects the final microstructure, 

surface roughness, density, crystallographic texture, anisotropy, mechanical properties and 

geometry-induced residual stresses [28,162–164]. In general, a shorter scan vector length 

is advantageous for reducing residual stress and enhancing the mechanical properties of 

AM parts [28]. Moreover, layer rotation can be implemented in various layer strategies, 

resulting in diverse outcomes. When no rotation is applied, the component tends to exhibit 

more heterogeneity, residual stress and shrinkage, as the laser beam consistently targets 

the same region of the powder bed. Furthermore, there are still considerable research gaps 

in scanning strategies that need to be addressed to fully leverage the benefits of additive 

manufacturing [17,28,163–165]. 
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Figure 2.20 Schematics of different types of scanning strategies. Re-drawn from 

[28,166]. 

2.4.1.6 Linear and Volumetric Energy Densities  

To understand the impact of various process parameters on the PBF-LB process, 

researchers often use the term "energy density", which integrates the combined effects of 

essential process parameters into a single measurable unit. The linear and volumetric 

energy densities (LED and VED) represent this energy unit [17,167]. Although the energy 

density serves as an approximate comparison term, it may not accurately transfer process 

parameters from one machine to another for the reproducibility of AM parts [130]. 

Moreover, the effects of VED on the PBF-LB process are schematically shown in Figure 

2.21. The energy density equations are as follows: 

LED =  
Laser Power

Scanning Speed
          [

J

mm
]      (2.7) 

 

VED =  
Laser Power

Scanning Speed x Layer Thickness x Hatch Distance 
          [

J

mm3
]    (2.8) 
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Figure 2.21 Effects of VED on the PBF-LB process. Re-drawn from [17,168]. 

2.4.2 Melting Modes 

2.4.2.1 Conduction Mode 

The conduction mode occurs when a relatively low laser power intensity is applied, 

resulting in the creation of a semicircular melt pool. It is typically characterized by melt 

pools where the presence and impact of vapor cavities are negligible because the energy 

density within the substrate remains low enough to prevent the substrate temperature from 

rising above the boiling point, thereby preventing the formation of a vapor cavity. It was 

reported that melt pools in the conduction mode have a small aspect ratio, typically around 

0.5 (depth/width), and ideally should provide fully dense fabricated parts when there is 

sufficient melt pool overlap to avoid a lack of fusion porosity [169,170] . 

2.4.2.2 Keyhole Mode 

The keyhole mode occurs when a relatively high laser power intensity (above about 

1 MW/cm2) is applied, resulting in the creation of a deep and slender vapor depression 

cavity known as the keyhole within the melt pool. When laser light interacts with the 

material surface, it elevates the temperature, causing melting. As the temperature rises to 

the boiling point, metallic vapor forms, creating recoil pressure. This pressure pushes down 

the molten metal, forming a long and slender gas cavity called the keyhole. Moreover, it 

was reported that the keyhole mode has been associated with defect generation in the 
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fabricated parts, particularly when the depth-to-width ratio of the keyhole becomes 

excessively large [169] . 

Figure 2.22 shows the schematic representation of the conduction and keyhole 

modes in the melt pool of the PBF-LB process. Additionally, these two modes have their 

pros and cons, and the preference for one over the other depends on the specific material 

type, process parameters and part requirements in each case [147]. 

 

Figure 2.22 Schematic representation of conduction and keyhole modes of the melt pool 

in the PBF-LB process [169]. 

2.4.3 Defects  

Defect formation is a significant problem in the PBF-LB process, frequently 

originating from improper parameter selection or process disruptions. It is imperative to 

address these issues to uphold the reproducibility, quality, and reliability of the PBF-LB 

parts. The origins of defects can be classified into three categories: powder-related defects 

(associated with the feedstock powder), processing-related defects (arising from the 

interaction between laser, powder and metal during melting), and post-processing-related 

defects (resulting from subsequent heat treatments). Commonly encountered defects in 

metal AM encompass various forms of porosity like lack of fusion (LOF), keyhole, balling 

and trapped gas. Additionally, defects may form as surface roughness, residual stress and 

distortion (warping) arising from the rapid solidification inherent in metal AM processes. 

To mitigate defect occurrence in metal AM, it is essential to understand and manage the 

mechanisms underlying their formation and propagation through careful selection of 

materials, processes and post-processing parameters [169–172]. Figure 2.23 shows a 

summary of the source of defects in the PBF-LB process, along with the defect-structure 

process map. In general, the effective process window for producing parts with nearly full 
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density is defined by the porosity boundaries of LOF, keyhole and balling-up. Full density, 

quantified as samples with over 99.9% volumetric density, is achievable within this 

processing window. However, it is important to note that despite operating within this 

window, the possibility of large defects still exists [169]. 

 

Figure 2.23 The defect structure process map (showing the variation of defect 

morphology across laser power-velocity space; where W is the melt pool width, D is the 

total depth after the melting, H is the hatch spacing, and L is the layer thickness of metal 

powder) for Ti6Al4V fabricated by the PBF-LB process. Re-drawn from [169,172]. 
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2.4.3.1 Lack of Fusion 

The LOF porosity, which is large, elongated or irregular, and may possess some 

unmelted powder particles inside, arises from inadequate penetration of the melt pool from 

an upper layer into the previously deposited layer or a single track into the neighbouring 

track on the same layer. It can play an important role as a cracking initiation point and also 

result in a reduction in the fatigue life of the fabricated parts [124,169]. PBF-LB parts 

commonly exhibit three primary types of LOF defects [169,171,173]:  

- intertrack LOF, caused by the insufficient overlap of the melt pool (related to the 

shape and size of the melt pool, and hatch distance) during the PBF-LB process.  

- inter-layer LOF, caused by incomplete bonding between the build-up layers 

(related to the laser energy density). 

- LOF resulting from spattering (spatter powders are deposited onto the powder bed 

during the PBF-LB process and disrupt the uniform spread of powders). 

2.4.3.2 Keyhole Porosity 

Rapid vaporization of the material occurs during the keyhole mode melting, and 

this creates a cavity known as a keyhole or vapor depression zone. The gas bubbles 

pinching off from the keyhole may either escape or remain trapped inside the build as 

entrapped keyhole porosity after solidification. Additionally, the formation of these gas 

bubbles, whether they escape or remain trapped, hinges on the dynamics of the local melt 

pool and the subsequent solidification process. Moreover, keyhole porosities tend to be 

nearly spherical and the size of them may vary depending on the size and shape of the 

keyhole. It should be noted that not all keyhole mode melting results in keyhole porosity 

formation [124,133,169,171]. 

2.4.3.3 Balling 

The balling or bead-up, also known as humping in the welding literature, causes 

variations in height along the length of a melted track. The area of the melt pool, 

particularly the area of re-melted metal, also fluctuates along the length of the track. 

Moreover, balling is generally considered a phenomenon to be avoided because it can 

cause porosity in parts produced via PBF-LB. It commonly arises at high beam powers and 

travel speed, imposing a constraint on the build rates achievable in PBF-LB. Moreover, 

other process parameters such as beam spot size, hatch distance, laser pulse frequency, 
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absorptivity, powder particle size and powder layer thickness also play significant roles in 

balling [124,169]. 

Some of the defects, along with causes and solutions in the PBF-LB process, are 

displayed in Figure 2.24. In addition to this, the effects of process parameters on combating 

various build defects are given in Table 2.12. 

2.4.3.4 Spatter 

In the PBF-LB process, the interaction between the high-energy laser and metal 

powder results in the formation of a melt pool, spatter, and occasionally a vapor plume or 

plasma. The melt pool follows the laser's path, making its behaviour relatively predictable. 

In contrast, spatter exhibits more complex and difficult-to-predict behaviour as it moves in 

three-dimensional space. Spatter can be classified into two types: hot droplet spatter, which 

primarily arises from melt pool instability caused by vapor-induced recoil pressure, and 

cold powder spatter, driven by the vapor-induced entrainment of the protective gas. These 

phenomena are influenced by factors such as recoil pressure, the Marangoni effect, and 

heat transfer within the melt pool, leading to a variety of spatter morphologies [19,147] . 

Spatter is an inevitable by-product of the complex heat transfer mechanisms in 

PBF-LB, negatively impacting process stability, energy efficiency, and the quality of the 

final product. The detrimental effects of spatter are numerous: it disrupts the re-coating of 

powder in subsequent layers, reduces the efficiency of laser energy input, and contaminates 

both the manufactured parts and machine components. Furthermore, spatter contaminates 

recycled powder, significantly lowering its quality and leading to suboptimal part 

performance. Therefore, effective spatter control, through optimizing laser parameters and 

using protective gas flows, is essential for enhancing equipment longevity, improving part 

quality, and ensuring efficient powder utilization [19]. 
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Figure 2.24 Some of the defects, along with causes and solutions in the PBF-LB process. 

Re-drawn from [103,174]. 
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Table 2.12 The influence of process parameters on mitigating different build defects 

(adapted from [133]). 

Problems Primary approach Secondary approach 

Keyhole porosity Reduce laser power 
Increase scanning speed 

Remelting/reheating 

LOF porosity 
Reduce hatch distance 

Reduce layer thickness 

Reduce scanning speed 

Increase laser power 

Remelting/reheating 

Composition change 
Reduce laser power 

Increase scanning speed 

Increase hatch distance 

Increase layer thickness 

Residual stress and distortion 
Reduce scan vector length 

Use heated substrate/chamber 
Reduce scanning speed 

 

2.4.4 Solidification and Grain Structure within the PBF-LB Process 

When a metal AM part is produced, the process parameters and the local heat 

transfer conditions determine the thermal history, which drives microstructure formation 

processes. The temperature gradient (G), solidification rate (R) and undercooling (ΔT) at 

the solidification front are important parameters for the solidification microstructure. 

Figure 2.25 shows the solidification map based on G and R. The cellular, planar, equiaxed 

dendritic or columnar dendritic solidification microstructures can be obtained by tuning 

GxR (responsible for solidification structure size) and G/R (responsible for solidification 

structure morphology) values. The higher cooling rates (GxR) cause the finer structure, 

whereas the coarser structures can be obtained with the low cooling rates (GxR) [95,124]. 

The PBF-LB process is based on layer-by-layer production [175]. For this reason, 

the microstructure obtained with the PBF-LB process differs from the conventional 

manufacturing techniques (i.e., rolling, casting, or forging). During the PBF-LB process, 

non-equilibrium solidification occurs due to rapid cooling. Furthermore, preferential grain 

growth along with the heterogeneous structure can take place due to the complex heat 

transfer and large temperature gradients formed in a melt pool [7,176]. The material 

properties, process parameters and cooling conditions determine the melt pool size and 

shape. The downward heat flow at the melt pool boundary happens during the 

solidification. For this reason, a long and shallow melt pool is obtained during PBF-LB 

process, and the melt pool geometry affects the orientation of the grain structure [124]. 
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The microstructure of the PBF-LB process can contain columnar grains with cellular or 

columnar dendritic substructures [44].  

 

Figure 2.25 Effect of temperature gradient G and growth rate R on the morphology and 

size of solidification microstructure [44]. 

Fusion-based AM processes inherently result in an inhomogeneous grain structure 

and a prevalent texture, predominantly oriented along the [001] direction or with respect 

to the build direction. This anisotropic characteristic directly leads to adverse effects on 

mechanical properties in various aspects. For example, horizontal specimens (where the 

load direction is perpendicular to the build direction) exhibit better tensile strength and 

elastic modulus along the transverse direction (perpendicular to the build direction) 

compared to vertical specimens (where the load direction is parallel to the build direction) 

for Ni-base superalloys produced via AM. Additionally, Table 2.13 shows the grain 

structures, phases and defects of Ni-base superalloys fabricated by AM [177]. 
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Table 2.13 The grain structures, phases, and defects of Ni-base superalloys fabricated by 

AM (adapted from [177]). 

Grain Structures Phases Defects 

* Generally, columnar dendrites 

with a strong texture along the 

⟨001⟩ direction aligned with the 

build direction are formed 

* Grain refiners are often added to 

form small equiaxed grains to 

improve mechanical properties 

* The formation of stray grains 

often affects single crystallinity 

* Segregation of Nb, Mo, Al, 

Ta, and C in the interdendritic 

region forms carbides and 

laves phases 

* Strengthening precipitates 

(γ' and γ") are formed in as-

deposited as well as heat-

treated samples and affect 

properties 

* Solidification cracking, 

liquation cracking, ductility dip 

cracking, and strain age 

cracking are common 

* Susceptible to Cr vaporization 

loss 

* Lack of fusion, gas porosities, 

and keyhole porosities are often 

found 

 

2.5 Summary of the Existing Knowledge 

The importance of Ni-base superalloys in high-temperature applications, along 

with the PBF-LB process was explained in the literature review section. It has been found 

that there are over 100 PBF-LB process parameters affecting the process and thus material 

properties of the fabricated parts [133]. Among them, laser power, layer thickness, 

scanning speed, hatch distance and scanning strategies are the most considered PBF-LB 

process parameters. Additionally, powder characteristics and spatter phenomena are 

significant for the process, reusability and properties of the fabricated parts. Moreover, the 

optimization of process parameters is significant to achieve desired microstructural and 

mechanical properties. Also, it has been found that the elimination of defects that are 

powder-related, processing-related and post-processing-related is crucial to achieving the 

desired properties. 

It has been found that IN939 fabricated by PBF-LB offers significant advantages 

in GTEs due to their outstanding microstructural and mechanical stability up to elevated 

temperatures at 850 oC, corrosion and oxidation resistance, design flexibility and material 

efficiency. However, challenges related to microstructural defects, surface finish, 

weldability, cost and material availability need to be carefully addressed to ensure the 

successful implementation of this advanced manufacturing process. Moreover, while it is 

considered fairly weldable yet crack-susceptible, its fabrication using the PBF-LB process 

is still emerging. Despite its potential for AM, there is limited research on how process 

parameters and post-heat treatments affect its properties compared to the most extensively 
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studied Ni-base superalloys such as IN718 and IN625. Research and development 

concerning the PBF-LB processing of IN939 is still in its nascent phase, requiring 

substantial efforts to enable the effective production of IN939 parts through the PBF-LB 

process.  

Given this context, the proposed work presented in this report to address these gaps is 

summarized below: 

1. There have been no systematic studies on the virgin and spatter powder characteristics 

of IN939 for PBF-LB nor the spatter phenomena in the literature. Therefore, this work 

provides a comprehensive characterization of virgin and spatter IN939 powders and 

investigates the effects of a certain amount of spatter powder on the relative density, 

microstructure, hardness, surface roughness and texture of the fabricated parts, aiming to 

address this gap in the literature. 

2. There have been only a few studies related to how the PBF-LB process parameters affect 

the microstructural and mechanical properties of IN939 [11,18,83,85,86,90]. This area 

continuous to represents a significant gap in the literature. Using different PBF-LB 

machines and powders from different suppliers can result in varying material properties of 

the fabricated parts, even when the same process parameters are used [152]. For this 

reason, to address this gap, the two following approaches have been examined: 

- A comprehensive characterization of IN939 samples fabricated by Aconity MINI 

PBF-LB machine according to the full-factorial design of experiment (DoE) 

(examining laser power, laser scanning speed and hatch distance) to analyze the effects 

of process parameters on the relative density, defect formation (such as porosity and 

crack), surface roughness and microstructure of IN939 is presented herein.  

- There have been no previous studies on the effects of scanning strategy on IN939 

fabricated by PBF-LB in the literature. Therefore, a comprehensive investigation of the 

effects of scanning strategy on the relative density, defect formation (such as porosity 

and crack), microstructure, crystallographic texture, surface roughness, microhardness 

and residual stress of IN939 has been conducted and is presented herein to address this 

gap. 

3. Since the microstructure of additively manufactured material differs significantly from 

conventionally produced material (such as casting), it becomes crucial to investigate the 

impact of heat treatment. This is because the influence of heat treatment on the 

microstructure of additively manufactured material remains relatively unknown and 
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inadequately explored. The standard heat treatment for conventionally produced IN939 

may not adequately enhance the properties of materials produced via the PBF-LB process, 

due to significant differences in their microstructure and properties. The typical heat 

treatment regimen for IN939 involves SHT followed by aging. SHT is typically conducted 

above the γ' phase solvus temperature to achieve a uniform distribution of alloying 

elements by resolving the presence of TCP phases. Additionally, the aging step is 

significant to effectively enhance mechanical properties. However, existing literature 

indicates a lack of detailed investigation into the microstructure, grain morphology and 

crystallographic texture of both as-fabricated and solution heat-treated parts. Moreover, 

there is limited research on the recrystallization phenomena and grain growth of IN939 

fabricated by the PBF-LB. This study addresses these gaps by examining the impact of 

solution heat treatment conducted at different SHT temperatures on the microstructure, 

recrystallization and texture of IN939 samples fabricated using PBF-LB. 
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3.1 Abstract 

This study is focused on a comprehensive characterization of virgin and spatter IN939 

powders and the effects of a certain amount of spatter powder on the part quality of IN939 

fabricated by the PBF-LB process. A brown tint coloration formed Al2O3 oxide, pores, a 

124.4% increase in the average particle size, a 10.2% decrease in the powder circularity, 

and a 7.5% decrease in the powder aspect ratio were observed in the spatter powder. 

Additionally, higher average grain size and lower nanohardness were obtained for the 

spatter powder. In order to understand the effect of a certain amount of spatter powder on 

the part quality, 10 wt.% spatter powder was mixed with the virgin powder. This addition 

was found to decrease the flowability of the powder. Moreover, this addition decreased 

relative density by around 0.3% and increased surface roughness by around 80.8% in the 

fabricated samples (termed as V and SV). On the other hand, there was no considerable 

microstructural, texture, microhardness, and nanohardness difference between V and SV 

samples, although the spatter powder addition caused a 30.2% increase in the average grain 

size of SV. The overall texture for both V and SV samples was (001)//BD. 

3.2 Introduction 

IN939, developed in the late 1960s by the International Nickel Company, is a γ'-

strengthened Ni-base superalloy and has been widely used for land-based (blades and 

vanes) and marine gas turbines, fuel nozzles, diffusers, turbine airfoils and aircraft engines 

due to its outstanding properties such as high microstructural stability up to 850 oC as well 

as high corrosion, oxidation and creep resistance [11–13,63]. As cast IN939 microstructure 

contains γ solid-solution matrix, along with the γ' phase which is the main strengthening 

phase [33]. IN939 has been developed mainly for the conventional casting process [62], 

however, macro-segregation of the alloying elements and difficulty to produce intrinsic 

geometries such as turbine blades for the aerospace industry in a single step can be shown 

as some of the drawbacks of the casting process [63].  

Additive manufacturing (AM) provides notable advantages over conventional 

manufacturing methods such as design freedom with near-net-shape production and cost 

reduction with minimum material waste. The powder bed fusion-laser beam (PBF-LB) 

process is one of the most widely used AM processes among the metal AM processes for 

Ni-base superalloys [120,130]. There have been very few studies for IN939 fabricated by 

the PBF-LB compared to other Ni-base superalloys such as IN718. However, IN939 parts 

are producible via PBF-LB and much more research is required for IN939 manufactured 
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by the PBF-LB to fill the literature gap and develop a better understanding of the material-

process relationship [11,18,33,63,74,84,178] 

The powder is one of the most significant process input parameters of the PBF-LB 

process. It is important to understand the relationship between powder properties such as 

powder shape, powder flow, particle size distribution, laser-material interaction and 

powder bed quality, and hence, the final product [179]. The high-energy laser source 

selectively melts metal powder according to the 3D computer-aided design (CAD) design 

file in a layer-wise fashion during the PBF-LB process [7,180]. During the laser-metal 

powder interaction, bright streaks resembling welding sparks which can contain unfused, 

partially melted and fully melted powder particles are ejected from a melt pool, and this is 

called spatter [20,131]. Spatter can have different morphologies according to different 

parameters. The spatter was divided into two groups as droplet spatter and powder spatter 

[19,181]. Additionally, Wang et al. [182] investigated the spatter formation mechanism 

and reported three major spatter sources (i.e., the heat effect in the melt pool, the 

Marangoni effect and recoil pressure) which can create different types of spatter 

morphologies.  

The spatter may be inevitable due to the nature of the PBF-LB process, yet it creates 

adverse effects on the process. The spatter powder causes defects (i.e. lack of fusion, pores 

and oxide inclusions) by consuming significant energy when it enters the beam path. 

Additionally, the re-coater rubber/blade can be damaged because of the redeposited spatter 

powders which cause inclusions in the fabricated parts and reduce mechanical properties. 

Moreover, the quality and re-cycle time of the powder reduces due to the high oxygen 

content and irregular shapes of the spatter powder [19,182,183]. A summary of adverse 

effects of the spatter on the PBF-LB process is presented in Table 3.1.  

Recently, the effect of spatter phenomenon of superalloys such as IN718 [20–24] 

and Hastelloy X [25–27] has been subject of considerable research. However, the 

understanding of the effect of a certain amount of spatter on IN939 built parts is still 

lacking. Moreover, despite the current challenges discussed above and the importance of 

ensuring the structural properties of additively manufactured parts, there have been no 

systematic studies on spatter's effect on IN939 fabricated by the PBF-LB. This study aims 

at closing those gaps by first characterizing the structure and properties of spatter in detail. 

A feedstock of virgin powder containing a certain amount of spatter powder was used to 

fabricate IN939 parts by the PBF-LB process. The structure and properties of the parts 
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produced only from virgin powder were compared to those produced from the mixture of 

spatter and virgin powder. This methodology was employed to ensure the findings are 

accurate, helpful, and applicable to the broader range of the PBF-LB process. 

Table 3.1 Summary of potential reported adverse effects of spatter on the PBF-LB process 

(adapted from [19]). 

Category Adverse effects 

Effect of spatter on printing processing 
• Inefficient use of laser energy 

• Abrasion of the re-coater rubber/blade 

Effect of spatter on structure and performance 

• Spatter oxidation 

• Lack of fusion and pores 

• Surface roughness increment 

Effects of spatter on powder recycling 

• Porosity increment in the powder 

• High oxygen content 

• Mixture of small spatter particles 

 

3.3 Materials and Methods 

3.3.1 Powders and Characterization Techniques 

The powder processed was a commercially available gas-atomized IN939 powder 

(Truform 939-N65, Praxair Surface Technologies) whose chemical composition is given 

in Table 3.2. This powder is termed virgin powder from here on. Additionally, the IN939 

overflow powder of a single usage printing was sieved for six minutes using an Endecotts 

Octagon 200CL sieve shaker fitted with a woven wire mesh sieve. The powder left on the 

top mesh, having a mesh size of 63 μm, is defined as the spatter powder. 

Table 3.2 The nominal chemical composition (wt.%) of the gas-atomized IN939 powder. 

Elements  Al Co  Cr Nb Ta Ti W Zr Ni B C O N 

wt.% 1.9 18.9 22.8 1.0 1.4 3.8 2.0 0.028 Bal. 0.004 0.16 0.014 0.009 

 

The particle size distribution (PSD), circularity, aspect ratio and convexity of the 

virgin and spatter powders were measured using Malvern Matersizer 3000 particle size 

analyzer with an Aero S dispersion unit (Malvern Panalytical Ltd, UK) and Malvern 

Morphologi G3. Feedstock of virgin powder containing 10 wt.% of the spatter was 
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prepared through ball mill mixing (in a small volume drum without any media, half full of 

powder, mixed for 5 minutes at 100 rpm) and the flowability properties of the virgin, as 

well as the mixture of virgin + 10 wt.% spatter powders were measured using a Freeman 

FT4 powder rheometer [184]. The definitions of flow terms for the FT4 powder rheometer 

are given in Table 3.3. In order to measure the reflection of white light from the powders, 

light spectrometry was conducted using an in-house developed system equipped with an 

Ocean Optics LS-1-CAL-INT Series Calibration Light Source and a Maya2000 Pro 

spectrometer. For light spectrometry, a flat layer of powder was illuminated by white light 

passing through an optical fiber at a fixed 45o. X-ray photoelectron spectroscopy (XPS) 

analysis was carried out using Scienta Omicron XPS with a monochromated Al K-alpha 

X-ray source (1486 eV) and Argus CU 128 channel detector. 

Table 3.3  Definitions of flow terms for the FT4 powder rheometer [184–186]. 

Term Definition 

Basic flowability energy (BFE) 

The energy needed to set up a particular flow pattern which is a 

downward anti-clockwise motion of the blade in a conditioned, 

precise volume of powder. 

Stability index (SI) 
Indication of the stability in the measured flow energy changes during 

repeated testing of powder. 

Flow rate index (FRI) 

The change in the flow energy when there is reduction by a factor of 

10 in the flow rate (tip speed). In short, the sensitivity of a powder to 

flow rate change. 

Specific energy (SE) 
Similar to BFE with the difference being that it includes the energy 

required to establish an upward flow pattern. 

Conditioned bulk density (CBD) The powder density without localized stress and excess air.  

 

3.3.2 Fabrication of IN939 Samples 

In this study, IN939 samples were fabricated using an Aconity MINI (GmbH) metal 

3D printer equipped with a 200 W fiber laser manufactured by IPG Photonics with a 

wavelength of 1068 nm. The build chamber is fitted with a rubber blade, linear motion 

powder re-coater mechanism and supplied with argon gas of 99.999% purity with oxygen 

level monitoring to ensure oxygen level to be less than 20 ppm. To investigate the effect 

of the spatter on part quality, a feedstock of virgin powder containing 10 wt.% of the spatter 

was prepared through ball mill mixing. Five cubes were fabricated with each feedstock 
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type to produce the V and SV samples, from the virgin and 90 wt.% virgin + 10 wt.% 

spatter powders, respectively, using the same PBF-LB process parameters. The sample 

nomenclature and the PBF-LB process parameters are shown in Table 3.4. A hatching 

strategy with 67o scanning rotation was applied. In order to deliver enough powder for each 

layer melting, a supply factor of 3 was used during the production. This indicates that the 

volume of new powder added is three times that required for the volume of the set build 

layer thickness in each layer. Excess powder, relative to that required to accommodate the 

build layer volume, is pushed into the overflow container during powder spreading. This 

level of supply factor was chosen to ensure that there was sufficient powder deposited and 

that there were no gaps between the powder particles on the powder bed before the laser 

processing step. The input volumetric thermal energy density (VED) was calculated 

according to the following equation: 

  VED =
Laser  power (W)

 Scanning speed (
mm

s
) x Layer thickness (μm) x Hatch distance (μm) 

                 (3.1) 

 

Table 3.4 The sample nomenclature and the PBF-LB process parameters of IN939 cubes. 

Sample Details 
Relative 

Density (%) 
Dimensions 

PBF-LB process 

parameters 

V 
Fabricated with 100 wt.% 

virgin powder 
99.1 ± 0.023 

5 mm wide 

5 mm length 

7 mm height 

Laser power: 190W 

Scanning speed: 800 mm/s 

Hatch distance: 60 μm 

Layer thickness: 60 μm 

Spot size: 80 μm 

Scanning rotation: 67o 

VED: 66 J/mm3 

SV 

Fabricated with 90 wt.% 

virgin powder + 10 wt.% 

spatter powder 

98.8 ± 0.022 

 

The density of the IN939 samples was measured by Archimedes principle with the 

help of Sartorius Entris II Essential BCE124I-1S analytical balance having accuracy and 

repeatability of ± 0.1 mg according to ASTM B962-13 [187]. Ethanol was used as the 

fluid. The surface morphology of the IN939 samples was characterized with a Bruker 

ContourGT over an area of 2 mm × 2 mm. Sa value, which expresses the height of each 

point compared to the arithmetical mean plane, was used as a direct description of the 

surface roughness. Also, Sz value, which represents the sum of the maximum peak height 

and the maximum pit depth, was calculated. 
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3.3.3 Microstructural and Mechanical Characterization 

Both powders (virgin and spatter) and the XY and XZ planes of the fabricated 

samples (V and SV samples) shown schematically in Figure 3.1 were hot mounted with 

conductive Bakelite for the metallographic examination. Samples were automatically 

ground using conventional SiC grinding papers (320, 500, and 800 grit sizes) and polished 

with progressively finer diamond suspensions (9, 3, 1 μm). An additional final polishing 

step using 0.25 μm fumed silica (OP-S) was applied for electron backscatter diffraction 

(EBSD) analysis. Then, as-polished samples were etched with the Glyceregia reagent (15 

ml HCl, 10 ml glycerol and 5 ml HNO3) for further microstructural examination.  

Nikon Eclipse LV 150 optical microscope (OM) and Carl Zeiss Merlin Field 

Emission Gun Scanning Electron Microscope (FEG-SEM) were used for microstructural 

investigation. Backscatter-electron scanning electron microscopy (BSE-SEM) and energy 

dispersive X-ray spectroscopy (EDS) were also used to investigate the oxide formation on 

the spatter powder (with acceleration voltage of 10 kV, 1.0 nA probe current, WD: 8.5 

mm). EBSD analysis was carried out in the ZEISS Merlin SEM using an acceleration 

voltage of 15 kV, 6.0 nA probe current. EBSD maps of 54 μm x 54 μm (for powders) and 

325 μm x 325 μm (for fabricated samples) were measured on a hexagonal grid with a step 

size of 0.075 μm (for powders) and 0.5 μm (for fabricated samples). EBSD raw data was 

post-processed using TSL OIM Analysis v7.3.1 software and points having CI (confidence 

index) below 0.1 were removed from datasets. Additionally, texture analyses were 

performed using the generalized spherical harmonic series expansion method of Bunge 

[188]. The harmonic series were expanded to a rank (L) of 34, and a Gaussian smoothing 

with a half-width of 5° was used. 

The phase contents of the samples were determined by X-ray diffraction (XRD) 

analysis with a Rigaku D/Max 2200/PC using Cu-Kα radiation at 40 kV via continuous 

scanning between 10° and 110° 2θ angles with a scan speed of 0.5°/min. 

The Vickers microhardness values of the samples were determined from the 

average of 10 measurements from XZ and XY planes of each fabricated sample using a 

Zwick/Roell ZHV10 microhardness tester with a load of 200 g and in accordance with the 

ASTM E92 standard [189]. Nanohardness tests were carried out on the XY planes of the 

fabricated samples using a nanoindenter (Bruker Hysitron TI Premier, USA) equipped with 

a standard Berkovich diamond indenter. An array of 10 x 10 nanoindentations was 

performed in the center region of each sample with a load of 10 mN (indentation depth 

around 300 nm) and at intervals of 50 μm between the indentations. Additionally, an array 
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of 8 x 8 nanoindentations was performed at the cross-section of powders with a load of 10 

mN (resulting in an indentation depth of around 300 nm) and at intervals of 5 μm between 

indentations. 

 

Figure 3.1 Schematic representation of the fabricated samples. 

3.4 Results 

3.4.1 The Characterization of the Virgin and Spatter Powders 

Spatter formation during the PBF-LB process, along with the SEM and BSE-SEM 

images of virgin and spatter powders are shown in Figure 3.2. There is a significant 

difference between virgin and spatter powders in terms of morphology, particle size 

distribution, color and the presence of oxides. A brown tint coloration, which can be due 

to the interaction between the laser and virgin powder was observed on the spatter powder. 

The SEM images show the morphologies of virgin and spatter powders in Figure 3.2(a, c), 

respectively. The virgin powder has good sphericity with a few satellites which is a typical 

feature of gas-atomized powder production. On the other hand, a significant number of 

satellites as well as agglomeration is obvious on the spatter powder. The high sensitivity 

(HS) circularity, aspect ratio, convexity (gradations are between 0-1) and PSD graphs are 

given in Figure 3.3. It can be seen from both SEM images (Figure 3.2(a, c)) and HS 

circularity values (Figure 3.3(b)), that the spatter powder has lower sphericity (0.846 

(D0.5)) than virgin powder (0.942 (D0.5)). Both powders have a Gaussian type of particle 

size distribution which is preferable for the PBF-LB process. However, the spatter powder 

has larger particle size and wider particle distribution (29.1μm (D10), 70 μm (D50), 148 μm 

(D90)) than the virgin powder (17.4 μm (D10), 31.2 μm (D50), 52 μm (D90)) shown in (Figure 
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3.3(a)). Additionally, PSD of the virgin + 10 wt.% spatter powder (18.0 μm (D10), 34.1 μm 

(D50), 71 μm (D90)) is given in Figure 3.3(a). It can be seen from the PSD graph, the 

addition of 10 wt.% spatter powder into the virgin powder created bimodal PSD. The large 

spatter powders can be redeposited by falling onto the powder bed during the PBF-LB 

process. Therefore, the fabricated parts can have inclusions, resulting in reduced 

mechanical properties [19]. Moreover, the as-polished cross-section images of the virgin 

and spatter powders are shown in BSE-SEM images (Figure 3.2(b, d)). A significant 

number of pores were observed in the large spatter powders compared to virgin powder.  

 

Figure 3.2 The formation of the spatter during the PBF-LB process. The SEM images 

show the morphology of (a) virgin and (c) spatter powders. The BSE-SEM images 

display the as-polished cross sections of (b) virgin and (d) spatter powders. 
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Figure 3.3 (a) Particle size distribution, (b) HS circularity, (c) aspect ratio and (d) 

convexity graphs of the powders. 



75 

In this study, 10 wt.% spatter powder was mixed with the virgin powder to better 

understand the effects of a certain amount of spatter powder on the flow properties as well 

as fabricated part properties. Figure 3.4 shows the flowability properties of these powders 

including the measured stability and variable flow rate of the virgin and the mixture of 

virgin + 10 wt.% spatter powders. The flowability is directly affected by the particle size 

distribution and aspect ratio of powder [26]. Better powder flowability and packing can be 

obtained from powders with narrower PSD and with high circularity and aspect ratio. BFE 

is a standard metric for powder flowability and the lower BFE represents the better flow 

properties [184,185,190]. The BFE values were determined as 569.05 ± 2.28 mJ and 

629.03 ± 27.59 mJ for virgin and the mixture of virgin + 10 wt.% spatter powders, 

respectively. Additionally, low SE values (below 5) indicate low cohesion within the 

powder. The addition of only 10 wt.% of spatter powder to the virgin powder resulted in a 

2.38% increase in BFE and an 18.21% decrease in SE.  Considering the powder flow 

results shown in Figure 3.4, the virgin powder showed overall slightly better flowability. 

Despite the virgin + 10 wt.% spatter powder having inferior particle characteristics to the 

virgin powder, its flowability performance closely reflected that of virgin powder as the 

existing coarse particles impaired the overall cohesion of the powder. 

 

Figure 3.4 Flowability energy versus speed for the virgin and the mixture of virgin + 10 

wt.% spatter powders. 

Figure 3.5 displays SEM images with EDS maps of virgin and spatter powders. All 

elements are homogeneously distributed in the virgin powder (Figure 3.5(a)). On the other 
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hand, the dark spots which mostly contain Al and O elements were detected on the spatter 

powder surface (Figure 3.5(b)). These oxides were determined as Al2O3 according to EDS 

quantification [191]. Moreover, Figure 3.6(a) shows the light reflectivity properties of the 

virgin and spatter powders. A clear reduction was observed in the spatter powder 

reflectivity between 400 and 900 nm wavelength. The improved light absorption property 

of the spatter powder which has a brown tint coloration could be due to oxide formation 

on the surface of the spatter powder. The XRD patterns of the virgin and spatter powders 

are shown in Figure 3.6(b). There is no significant difference between XRD patterns 

attributed to γ (gamma) phase of the powders [46].  

 

Figure 3.5 SEM images with EDS maps of the (a) virgin and (b) spatter powders. 
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Figure 3.6 (a) Reflected spectrum graph of the virgin and spatter powders and (b) XRD 

patterns of the powders and fabricated samples (V and SV). 

XPS survey spectra (Figure 3.7) show that a few elements are present at the surface. 

However, there is a clear difference in surface composition between the virgin and spatter 

powders. In both cases, the strongest signals are the C 1s and O 1s which are from 

atmospheric contamination, oxidation and the formation of carbides and carbonates with 

the metals in the powder. Such intense carbon and oxygen peaks are commonly observed 

during the XPS of powders used in additive manufacturing [131]. The surface layer has a 

thickness ranging from 5-10 nm and plays a crucial role as it accounts for the majority of 

the XPS signature. Upon analysing the high-resolution C 1s data of the spatter powder, it 

becomes apparent that there is a significant reduction in the carbon content at the surface. 

The peak profile of the virgin powder suggests the presence of metal carbides, which 

exhibit a binding energy below 285 eV. For spatter powder, it changes to a profile 

associated with adventitious carbon, commonly seen on planar surfaces, which is 



78 

dominated by C-C (284.5 eV) and C-O (286 eV) bonds. The O 1s spectrum shifts to higher 

binding energy, indicating an increase in water vapour and carbon on the surface, along 

with a reduction in metal oxidation below 531 eV.  

High-resolution spectra of the cobalt, nickel, and chromium, all of which are quite 

noisy due to the presence of the contaminant overlayer suppressing the signal, are visible 

in the full survey spectra (Figure 3.7). There is a clear increase in chromium signal post-

spatter, though this cannot be explained simply by the reduction in the thickness of the 

contaminant overlayer, as both the Co and Ni signals reduce post-spatter. This suggests 

that the process promotes the preferential diffusion of some elements to the surface. These 

three metal peaks appear more oxidized following spatter, as evidenced by a shift to the 

higher binding energy. Although the O 1s peak suggests less metal oxidation, this can be 

explained by the formation of metal hydroxides and oxyhydroxides at the surface, which 

typically have higher binding energy [192]. 
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Figure 3.7 XPS survey spectra of the virgin and spatter powders. 
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EBSD maps including the inverse pole figure (IPF) with respect to normal 

direction, kernel average misorientation (KAM) and grain orientation spread (GOS) maps 

of the virgin and spatter powders are given in Figure 3.8. The virgin powder contains 

smaller grains compared to the spatter powder. The area-weighted average grain size 

values were measured as 1.62 ± 0.50 μm and 4.87 ± 1.68 μm for the virgin and spatter 

powders, respectively (Table 3.5 and Figure 3.9(a)). Kernel average misorientation (KAM) 

is calculated for each point in the EBSD map. First the misorientations between a certain 

point and points at its perimeter are determined and then the average of those 

misorientations give the KAM value of the center point. Moreover, misorientations 

exceeding 5 degrees are not included in the calculation of average misorientation, as 

misorientations higher than this threshold value represents grain boundaries. Also, it is a 

measure of local misorientations, which is also related to defect density. The high plastic 

strain and high dislocation density are the reason for the high KAM values. Additionally, 

GOS is another measure of local misorientation, however, it is a grain-based local 

misorientation. To calculate GOS, firstly, the average orientation of a grain is calculated. 

After that, the misorientation between this average orientation and the orientation of each 

individual measurement point within the grain is calculated. Finally, the average of these 

misorientations is calculated and assigned to each point within the grain. GOS value 

increases with high defect density and deformation, whereas recrystallization decreases 

GOS values. Both KAM and GOS maps are labelled with a rainbow scale (blue and red 

represent minimum and maximum, respectively) [45]. The virgin powder has higher KAM 

and GOS values compared to the spatter powder (Table 3.5). Moreover, the surface of the 

virgin powder has higher KAM compared to the interior (Figure 3.8(a)). On the other hand, 

the interface region between the spatter powder and small powder which could be satellite 

has higher KAM compared to the whole spatter powder (Figure 3.8(b)). A similar trend 

with KAM was observed for the GOS maps shown in Figure 3.8(a, b) and graphs of the 

virgin and spatter powders, along with the GOS graph (Figure 3.9(b)). There are two 

spatter powder particles on the GOS map shown in Figure 3.8(b). The particle on the left-

hand side of the GOS map was partially agglomerated with two satellite powder particles 

which are much smaller than the other powder particles. The defect density (KAM and 

GOS) is higher in these satellites. Thus, this causes an increase in the bimodality of the 

GOS distribution of the spatter powder (Figure 3.9(b)), although the average KAM and 

GOS values of the spatter powder are lower than the virgin powder.  
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Table 3.5 Average grain size, GOS, KAM and GND values of the powders and fabricated 

samples. 

Sample Average grain size (μm) GOS (o) 

Virgin Powder 1.62 ± 0.50 1.12 ± 0.85 

Spatter Powder 4.87 ± 1.68 0.59 ± 0.55 

 XZ plane XY plane XZ plane XY plane 

V 12.16 ± 3.41 12.14 ± 3.01 1.54 ± 0.53 1.66 ± 0.60 

SV 16.52 ± 4.22 11.08 ± 3.12 1.74 ± 0.56 1.54 ± 0.56 

 

Sample KAM (o) GND (1012 m/m3) 

Virgin Powder 0.43 ± 0.39 130.14 

Spatter Powder 0.27 ± 0.17 68.30 

 XZ plane XY plane XZ plane XY plane 

V 0.71 ± 0.50 0.73 ± 0.51 38.90 42.76 

SV 0.67 ± 0.45 0.69 ± 0.47 38.51 38.25 

 

 

Figure 3.8 EBSD maps: IPF (with respect to sample normal), KAM and GOS maps of 

the (a) virgin and (b) spatter powders. 
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Figure 3.9(c) shows the geometrically necessary dislocation (GND) density 

distributions of samples, and the average GND density values are given in Table 3.5. The 

dislocation density in metallic materials includes GND and statistically stored dislocations. 

It is reported that GNDs account for most dislocations in total FCC cubic metals [193]. 

The virgin powder has a higher GND value (130.14 x 1012 m/m3) compared to the spatter 

powder (68.30 x 1012 m/m3), which is a similar trend to KAM and GOS. The virgin powder 

was produced with the gas-atomization process and the higher KAM, GOS and GND 

values can be explained with the higher cooling rates due to the gas atomization process (a 

high-speed inert gas goes through the melt stream and causes high cooling rates) [26,194]. 

On the other hand, the spatter powder has laser interaction causing local reheating, melting, 

solidification and a shorter interaction with the inert gas compared to the gas-atomized 

virgin powder. Thus, this interaction can decrease the dislocation density. 

The misorientation angle graph is displayed in Figure 3.9(d) and the dashed purple 

line represents the Mackenzie distribution for completely random oriented cubic 

polycrystals. The calculation for the misorientation angle is done between 5o and 65o as a 

default. The misorientation angle distributions of the virgin and spatter powders show the 

predominance of low-angle grain boundaries (<15o) indicating more substructure regions 

and higher dislocation density. On the other hand, the spatter powder approaches to the 

Mackenzie distribution compared to the virgin powder.  
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Figure 3.9 Analysis of the EBSD data for the powders and fabricated samples showing 

(a) grain size distribution, (b) GOS, (c) GND density and (d) misorientation angle. 

Figure 3.10(a, b) shows the nanohardness contour maps of the virgin and spatter 

powders. The measured nanohardness (GPa) and reduced modules (GPa) values are given 

in Figure 3.10(e). The spatter powder has a lower nanohardness value (2.2 ± 0.2 GPa) 

compared to the virgin powder (3.8 ± 0.3 GPa).  
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Figure 3.10 Nanohardness contour maps of (a) virgin powder, (b) spatter powder, (c) V 

sample and (d) SV sample, along with (e) the tabulated nanohardness (GPA), reduced 

modules (GPa) and Microhardness (HV0.2) values. 
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3.4.2 The Characterization of the Fabricated Samples 

In the second part of the study, cube shaped samples produced from only virgin 

powder and from mixture of virgin and spatter powder were characterized. The addition of 

only 10 wt.% spatter powder resulted in a 0.3% relative density reduction (from 99.1% to 

98.8%). This was an expected result since the spatter powder has a larger particle size, and 

this can affect each layer as well as the part density [26].  

Figure 3.10(c, d) shows the nanohardness contour maps of the V and SV. There is 

no significant difference between the V and SV samples in terms of the measured 

nanohardness (GPa), reduced modulus (GPa) and microhardness (HV0.2) values (Figure 

3.10(e)).  

The surface roughness profiles for the XZ planes with the pictures of the V and SV 

samples are shown in Figure 3.11. The effect of adding only 10 wt.% spatter powder on 

the surface roughness can be seen even by the eye (Figure 3.11(b)) when it is compared 

with the sample fabricated using only 100 wt.% virgin powder (Figure 3.11(a)). Addition 

of 10 wt.% spatter powder increased the surface roughness around 80% as the 

measurements showed average surface roughness (Sa) values of 5.12 μm and 9.27 μm for 

the V and SV samples, respectively. Moreover, the Sz values (the maximum height) within 

the measured area are 76.61 μm and 140.12 μm for the V and SV samples, respectively.  
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Figure 3.11 The surface roughness profiles for the XZ planes of the pictured 5 mm3 cube 

of the (a) V and (b) SV samples. 

The optical micrographs and BSE-SEM images of the fabricated samples (V and 

SV samples) are shown in Figure 3.12. The nature of the PBF-LB process causes arc-

shaped melt pools on the XZ planes (parallel to build direction) due to the Gaussian energy 

distribution of the laser beam [45]. Figure 3.12 suggests that a combination of the 

conductive stable keyhole mode was the predominated mode of melting. The micrographs 

also show evidence of the existence of possibly unstable melt pools. This appears slightly 

more prominent in the SV sample, which also shows that melt pools with a slightly high 

depth/width aspect ratio were formed in the SV sample when contrasted with the V sample. 

As seen in Figure 3.12, it is evident that melt pool fluctuations took place during the 

melting. This was due to many obvious factors, but primarily due to the slightly high 

applied energy density. This transient unstable keyhole mode of melting then introduced 

porosity in the solidified samples, which a good agreement is observed when correlating 

the micrographs of Figure 3.12(b, e) with the density values of Table 3.4 for the V versus 

the SV samples. Additionally, pores can be generated due to the large spatter powders 

hindering homogenous powder melting and bonding. These irregular pores are the reason 

for lower relative density that were observed in the SV sample (Figure 3.12(c)). 
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Furthermore, there is no significant difference between XRD patterns attributed to γ 

(gamma) phase of the V and SV samples (Figure 3.6(b)). 

EBSD maps of the XZ and XY planes of the V and SV samples are shown in Figure 

3.13. As it was observed in the optical micrographs (Figure 3.12(a, d)), similar grain 

morphologies were observed for the V and SV samples, and it can especially be seen in 

both IPF maps and image quality and grain boundaries (IQ & GBs) maps. The V and SV 

samples showed a microstructure composed of columnar elongated grains along the build 

direction (on the XZ plane). In contrast, equiaxed grains were observed on the XY planes. 

Additionally, the area-weighted average grain size values of the V and SV samples were 

measured as 12.16 ± 3.41 μm and 16.52 ± 4.22 μm on the XZ plane, respectively (Table 

3.5). However, the average grain size values are similar on the XY planes of the V (12.14 

± 3.01 μm) and SV (11.08 ± 3.12 μm) samples. On the other hand, the KAM and GOS 

maps of the V and SV samples as well as their values didn't show significant difference 

(Figure 3.13(a, b) and Table 3.5). The overlapping regions have a higher KAM value 

compared to the inside of the melt pools on the XZ planes. Moreover, the borders have a 

higher KAM value compared to the center of the chessboard-like pattern on the XY planes 

[45]. 



88 

 

Figure 3.12 Microstructures of the V and SV samples: (a, b, d, e) optical micrographs 

and (c, f) back-scattered electron (BSE-SEM) images. XZ planes (parallel to the build 

direction) and XY planes (perpendicular to the build direction) are indicated with arrows 

and dots, respectively. 
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Figure 3.13 EBSD maps of the (a) V and (b) SV samples. XZ planes (parallel to the 

build direction) and XY planes (perpendicular to the build direction) are indicated with 

arrows and dots, respectively. 

3.4.3 Crystallographic Texture in the Powders and Fabricated Samples 

Figure 3.14 shows the pole figures (PFs) and inverse pole figures (IPFs) with 

respect to the normal direction were presented for the texture analyses. The maximum 

intensity values belonging to the spatter powder among the powders and fabricated samples 

were determined as 2.934 for IPFs and 5.217 for PFs. The intensity values are given in 
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units of multiple of random distribution (MRD). The intensity value equals to 1, for totally 

random distribution of crystallographic texture [195]. 

Both powders exhibit slightly preferred (101)//ND (normal direction) texture with 

intensities of 1.460 for the virgin powder, 2.934 for the spatter powder. The fabricated 

samples exhibit cube texture with intensities of 1.386 for the V sample and 1.837 for the 

SV sample. The SV sample exhibits slightly more intense (001)//BD (build direction) 

texture than the V sample. It should be noted that for V and SV samples surface normal 

direction of XY plane is also the build direction. 

 

Figure 3.14 Pole figures (PFs) and inverse pole figures (IPFs) with respect to the build 

direction of the (a) virgin powder, (b) spatter powder, (c) V sample and (d) SV sample. 

3.5 Discussion 

Spatter formation may be inherent due to the nature of the PBF-LB process. It is 

challenging to alleviate defects caused by the spatter powder because it is unpredictable 

where it will land during the PBF-LB process [20]. However, it is possible to reduce the 

adverse effects (Table 3.1) of spatter powder with some countermeasures such as 

optimization of the laser volumetric energy, laser beam mode, and build chamber pressure 
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[19]. Gasper et al. [24,180] worked on spatter formation in IN718 and Hastelloy X 

fabricated by the PBF-LB, and they reported that the spatter creates a secondary powder 

system that is dissimilar to the virgin powder. Our findings for IN939 fabricated by the 

PBF-LB are consistent with their findings. Spatter caused color change and pore formation, 

along with a 124.4% increase in the average particle size, a 10.2% decrease in the powder 

circularity, and a 7.5% decrease in the powder aspect ratio. Also, the addition of only 10 

wt.% of spatter powder to the virgin powder caused a reduction in flowability. The PBF-

LB process required good powder packing and flowability and it has been indicated that 

spherical powders are the best for these properties. Additionally, the larger average particle 

size, along with wider particle size distribution of spatter powder can affect the actual layer 

thickness by creating an extra material within the interaction zone. Thus, the surface 

roughness increases [26]. For the above-mentioned reasons, a 0.3% relative density 

reduction and an 80.8% surface roughness increment were observed in the SV sample. 

The oxide formation on the spatter powder is shown in Figure 3.5(b). EDS mapping 

displayed Al2O3 oxide spots on the spatter powder. Gasper et al. [20,25] also observed 

Al2O3 oxide spots on the spatter IN718 [20] and Hastelloy X [25] powders. The nominal 

chemical composition of the IN939 powder was given in Table 3.2 and the main alloying 

elements are Ni, Cr, Co, Ti and Al. According to the Ellingham diagram [196], these 

elements have a strong tendency to oxidize in possible forms such as NiO, TiO2, Cr2O3 

and Al2O3 (ordered from the least stable to most stable oxides) in Ni-base superalloys. 

Among them, the most stable oxide is Al2O3 with respect to the Gibbs free energy. 

Therefore, it can be said that the most likely oxide to form and exist in Ni-base superalloys 

is Al2O3 in the presence of O2. The oxidation of some elements in Ni-base superalloys 

cannot be completely eliminated and the reasons were well explained in the study of Zhang 

et al. [196]. In order to avoid the oxidation of some elements in Ni-base superalloys 

completely, the equilibrium partial pressure of oxygen at the melting point of each element 

must be lower than certain values (can be seen in the Ellingham diagram). For example, 

the equilibrium partial pressure of oxygen for grade 1 argon is around 0.2 ppm (2 x 10-7 

atm) and it is still higher than the oxidation threshold of Al (10-58 atm) [20,196]. For this 

reason, oxidation of Al can only be mitigated but cannot be completely eliminated, 

although the PBF-LB process was performed under argon gas of 99.999% purity and the 

oxygen level was monitored to keep it below 20 ppm. 

 The chemical composition, temperature, roughness/topography, oxide layers and 

contamination are the materials factors affecting laser absorption [197]. The surface 
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condition of the spatter had a brown tint coloration and Al2O3 oxide was measured on its 

surface. This oxide could be the reason for the lower reflectivity and higher absorptivity 

of the spatter powder as shown in Figure 3.6(a). Studies by Gruber et al. [22]and Coste et 

al. [198] revealed that the surface oxidation of the spatter powder increased the laser 

absorptivity. Brandau et al. [199] reported that a flat surface of the same material has lower 

absorbance than the powder surface; and that the surface oxides also increase the laser 

energy absorption. Additionally, Zhou et al. [200] observed an increase in the laser 

absorptivity of the oxidized AISI 316L SS powder and a decrease in thermal conductivity. 

Furthermore, there was no significant difference among the XRD patterns for the powders 

and fabricated samples. It can be said that there is no change in crystallographic phases, 

although different solidification conditions lead to different microstructures. 

A considerable microstructural difference was observed between the virgin and 

spatter powders, although there was no difference in terms of crystallographic phases. The 

average grain size of the spatter powder increased by around 209%, along with a 46.3% 

reduction in KAM and a 47.5% reduction in GND values due to the high-temperature laser 

exposure causing local reheating, melting, solidification and a shorter interaction with the 

inert gas compared to the gas-atomized virgin powder. Additionally, lower grain size of 

the virgin powder can be explained by higher cooling rates during the gas atomization 

process [26]. 

A slight microstructural difference between the fabricated samples (V and SV) is 

the average grain size on the XZ planes. The addition of only 10 wt.% spatter powder 

resulted in a 30.2 % average grain size increment in the SV sample (Table 3.5). The reason 

for the difference between the average grain size values on the XZ planes of the V and SV 

samples might be due to the spatter powder whose average particle size is larger than the 

virgin powder melted on the XZ plane during the production. Since the average particle 

size of the spatter powder is larger than the virgin powder, there might be differences in 

melting and solidification behaviour during the production. Larger particle size combined 

with higher laser absorptivity could increase the heat input and hence the temperature 

gradient during the production. This would result in more columnar grains, especially on 

the XZ plane.  

The spatter powder has a lower nanohardness value compared to the virgin powder 

(Figure 3.10(e)). The reduction in the nanohardness of the spatter powder can be explained 

with the Hall-Petch equation. According to the Hall-Petch equation, as the grain size 
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increases, the yield strength as well as hardness decreases [201]. The spatter powder has a 

higher grain size compared to the virgin powder (Figure 3.9(a) and Table 3.5). For this 

reason, the reduction in the nanohardness value of the spatter powder is consistent with the 

Hall-Petch equation. Figure 3.15 shows the Hall-Petch relation if the fabricated samples 

and powders are grouped, separately. Both groups show almost the same Hall-Petch factor, 

4.8-4.9 (by taking grain size in microns and hardness in GPa). The nanohardness tests 

probe the material at a single grain level, therefore the difference between (or grouping of) 

powders and fabricated samples can be attributed to crystallographic texture differences. 

Moreover, the dislocation density in virgin powder is higher, which increases the resistance 

to further plastic deformation and hence contributes to the higher hardness of that powder. 

On the other hand, although there is a slight difference in terms of average grain size values 

of the fabricated samples, there is no considerable difference in terms of hardness values. 

Moreover, the higher porosity of the SV sample would be expected to reduce its hardness. 

Nevertheless, the hardness difference between the powder and spatter is more significant 

than the difference between the fabricated samples. 

 

Figure 3.15 Hall-Petch like relation between nanohardness and grain size in the powders 

and fabricated samples. 

Both the V and SV samples exhibit <001>//BD texture, which is the most common 

solidification texture. The intensity of this texture is higher in the SV sample. The spatter 

powder contains already melted and solidified particles, which re-melt and re-solidify 

during the PBF-LB process again. For this reason, spatter powder twice intensifies the 

solidification texture, seen in SV samples. Nevertheless, both V and SV samples exhibit 



94 

the same solidification texture with slightly different intensities. Therefore, it can be 

concluded that spatter powder does not change the overall texture components.  

3.6 Conclusions 

In this work, a comprehensive study on the virgin and spatter IN939 powders was 

conducted. The effect of the addition of 10 wt.% of spatter powder to the virgin powder on 

the part quality was examined. The surface roughness, density, and microstructure of 

IN939 fabricated by the PBF-LB were examined. An investigation of a systematic study 

on the spatter powder and spatter's effect on IN939 fabricated by the PBF-LB was lacking 

and this study aimed to fill these gaps in the literature. Based on the observed results, the 

main findings can be summarized as follows: 

1) A significant difference was observed between virgin and spatter powders in terms 

of morphology, particle size distribution, color and the presence of oxides. Spatter 

caused a brown tint coloration, Al2O3 and pore formation, a 124.4% increase in the 

average particle size, a 10.2% decrease in the powder circularity, and a 7.5% 

decrease in the powder aspect ratio. Moreover, the addition of only 10 wt.% of 

spatter powder to the virgin powder caused a reduction in the powder flowability. 

2) The average grain size of the spatter powder increased by around 209%, along with 

a 46.3% reduction in KAM and a 47.5% reduction in GND values due to the high-

temperature laser exposure. Additionally, the spatter powder has a lower 

nanohardness value compared to the virgin powder obeying the Hall-Petch 

equation. 

3) The addition of only 10 wt.% of spatter powder to the virgin powder caused a 0.3% 

relative density reduction and an 80.8% surface roughness increment in the 

fabricated samples (V and SV). Therefore, this must be considered when the 

density and surface roughness are critical for the parts fabricated by the PBF-LB.  

4) There was no considerable microstructural difference between the fabricated 

samples, although the addition of only 10 wt.% spatter powder resulted in a 30.2 

% average grain size increment in the SV sample. Also, there was no significant 

difference between the fabricated samples in terms of hardness values (SV has a 

slightly lower hardness value compared to V). 

5) Spatter powder does not change the overall texture as both V and SV samples 

exhibit (001)//BD component, which is the most common solidification 
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component. The intensity of this component is slightly higher in the SV sample, 

which was attributed to the presence of re-melted and re-solidified particles.   

3.7 Contribution to Thesis Objectives 

Powder is one of the most significant PBF-LB process parameters as everything 

starts with powder in the PBF-LB process. Understanding powder properties is crucial to 

improve the PBF-LB process. After a thorough review of the existing literature, it was 

found that there was no systematic study regarding the characteristics of IN939 powder, 

both virgin and spatter, as well as the phenomena of spatter and its impact on the properties 

of fabricated parts. This chapter significantly addressed this gap by understanding the 

effects of virgin and spatter IN939 powders on the PBF-LB process. It provided a detailed 

comparison of virgin and spatter IN939 powders, revealing key differences in morphology, 

particle size distribution, and oxide formation. By mixing 10 wt.% spatter powder with 

virgin powder, the research evaluated the effects on powder flowability, noting a reduction 

that impacts processing efficiency and fabricated part quality. The study also examined the 

impact of 10 wt.% spatter powder on the fabricated part density and surface roughness, 

underscoring the importance of powder quality for optimal part properties. Despite the 

addition of 10 wt.% spatter powder, no significant microstructural differences were 

observed between the samples fabricated using virgin and mixed powder, though an 

increase in grain size was noted, and minimal impact on hardness was found. Furthermore, 

the research confirmed that the overall texture of the fabricated parts remained consistent 

with the addition of spatter powder. Overall, this study systematically investigated virgin 

and spatter characteristics, and spatter powder effects, offering theoretical insights and 

practical recommendations for the PBF-LB process with IN939 alloy. 
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4.1 Abstract 

This study investigates the effects of process parameters in the powder bed fusion-laser 

beam (PBF-LB) process on IN939 samples. The parameters examined include laser power 

(160, 180, and 200 W), laser scanning speed (400, 800, and 1200 mm/s) and hatch distance 

(50, 80, and 110 μm). The study focuses on how these parameters affect surface roughness, 

relative density, defect formation and the microstructure of the samples. Surface roughness 

analyses revealed that the average surface roughness (Sa) values of the sample ranged from 

4.6 μm to 9.5 μm, while the average height difference (Sz) varied from 78.7 μm to 176.7 

μm. Furthermore, increasing the hatch distance from 50 μm to 110 μm while maintaining 

constant laser power and scanning speed led to a decrease in surface roughness. Relative 

density analysis indicated that the highest relative density was 99.35%, and the lowest was 

93.56%. Additionally, the average porosity values were calculated, with the lowest being 

0.06% and the highest reaching 9.18%. Although some samples had identical average 

porosity values, they differed in porosity/mm2 and average Feret size. Variations in relative 

density and average porosity were noted in samples with the same volumetric energy 

density (VED) due to different process parameters. High VED led to large, irregular pores 

in several samples. Microcracks, less than 50 μm in length, were present, indicating 

solidification cracks. The microstructural analysis of the XZ planes revealed arc-shaped 

melt pools, columnar elongated grains aligned with the build direction, and cellular 

structures with columnar dendrites. This study provides insights for optimizing PBF-LB 

process parameters to enhance the quality of IN939 components. 

4.2 Introduction 

PBF-LB is a metal additive manufacturing (AM) technique offering notable 

advantages over traditional manufacturing methods. These include the capacity to produce 

intricate metal parts with geometric complexity in a single step, enabling design freedom 

through near-net-shape production, and reducing material waste and tooling costs. The 

PBF-LB process begins by spreading a layer of metal powder onto a build plate, then 

selectively melting the desired areas within the powder layer using a laser beam according 

to a 3D computer-aided design (CAD) file. This layer-by-layer production continues until 

the part is fully fabricated [15,172].  

In the PBF-LB process, there are over 100 processing parameters to consider 

[133,202]. These parameters can be broadly categorized into laser-related factors (i.e., laser 

power and spot size), scan-related variables (including laser scanning speed, hatch 
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distance, scanning pattern, and rotation angle), powder-related characteristics (like powder 

particle morphology, size, and distribution, and layer thickness), as well as macroscopic 

parameters such as powder bed temperature and gas flow [169,202]. The laser power, layer 

thickness, laser scanning speed, and hatch distance are among the most extensively studied 

process parameters in the PBF-LB process. Laser power controls the energy transferred 

from the system to the powder, while layer thickness determines the height of each molten 

powder layer. Laser scanning speed dictates the rate at which the laser moves across the 

powder surface, and hatch distance affects the degree of overlap between adjacent laser 

paths. These parameters play critical roles in determining the quality and characteristics of 

the fabricated parts [17,203].  

Despite its advantages, the PBF-LB process can still show certain unavoidable 

defects when improper scanning parameters and insufficient powder melting occur. These 

issues can compromise mechanical properties and impede large-scale industrial 

commercialization. They include partially melted powder, undesired microstructures, poor 

surface finish, porosity defects, balling defects, high residual stress, surface and internal 

cracks, and inadequate bonding between layers. Additionally, pore defects in the PBF-LB 

process can be categorized based on their formation mechanisms. These defects include 

gas pores, which can be categorized into keyhole pores and powder feedstock pores, as 

well as lack of fusion (LOF) defects, such as inter-track LOF, inter-layer LOF, and LOF 

caused by spattering. The unstable melt pools can be shown as the primary reason for these 

defects [169,171,172,203]. Moreover, the rapid solidification, high cooling rates (105-107 

K/s), and repeated thermal cycles lead to non-equilibrium solidification, causing residual 

stress [103,204]. 

IN939 is a precipitation-hardenable Ni-base superalloy, primarily strengthened by 

the formation of the L12-ordered γ' phase (Ni3(Al, Ti)). Originally, it was developed in the 

late 1960s as a cast alloy to meet the demand for a robust, highly corrosion-resistant 

material capable of prolonged operation at temperatures reaching 850 °C. It has found 

extensive application in higher-temperature applications within aerospace engines, 

particularly in hot sections such as turbine blades and nozzle guide vanes, owing to its 

exceptional properties. The microstructure of as-cast IN939 consists of a gamma (γ) phase 

solid-solution matrix, with the gamma prime (γ') phase serving as the primary 

strengthening component.  
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While IN939 was initially developed as a cast alloy [62,78,79], recent attention has 

been given to its production using the PBF-LB process 

[11,14,15,18,33,74,85,89,90,178,205]. However, there are limited studies in the literature 

focusing on optimizing process parameters for achieving the desired relative density in 

IN939 produced via the PBF-LB process. Table 4.1 summarizes the details of existing 

studies on process parameter optimization for IN939 fabricated by PBF-LB, revealing 

variations in powder suppliers, PBF-LB machines, and process parameters used. It is 

important to note that powder characteristics, such as particle size distribution, flowability, 

chemistry, and morphology, significantly influence the build quality and porosity 

distribution in the PBF-LB process. Additionally, the PBF-LB machines themselves can 

introduce defects due to issues with the laser beam scanning system, build chamber 

environment, powder spreading system, and baseplate [169,179,206]. For instance, Obeidi 

et al. [152] reported significant variations in the mechanical performance and properties of 

316L samples produced on different PBF-LB machines despite using the same process 

parameters. 

Although IN939 is a well-established Ni-base superalloy, its application in the 

PBF-LB process is relatively new, necessitating further research to understand the effects 

of this process on IN939. This study aims to address this gap by systematically 

investigating the influence of key process parameters, such as laser power, laser scanning 

speed, and hatch distance, on the relative density, defect formation, surface roughness, and 

microstructure of IN939 fabricated by the PBF-LB process. By optimizing these 

parameters, this research seeks to enhance the performance and reliability of IN939 

components produced using PBF-LB technology, contributing to the advancement of 

additive manufacturing techniques for high-performance superalloys.  

 

 

 

 

 

 

 



100 

Table 4.1 Studies for process parameters optimization of IN939 fabricated by PBF-LB. 

Reference Marchese et al. [11] Dursun et al. [90] 

 

Rodríguez-Barber et 

al. [18] 

Powder 

Gas-atomized IN939 

powder (LPW 

Carpenter Additive) 

- 

Gas-atomized IN939 

powder (Eckart TLS 

GmbH) 

PBF-LB machine 
CONCEPT Mlab 

Cusing R system 
EOS M290 Renishaw AM400 

Laser power (W) 95 (fixed) 200- 350  250- 300 

Laser speed (mm/s) 100-2000 800-1400 1000-1750 

Hatch distance (mm) 0.02-0,15 0.1 (fixed) 0.05- 0,09 

Layer thickness (μm) 20 (fixed) 40 (fixed) 60 (fixed) 

Scanning strategy 
Stripes of 5 mm with a 

rotation of 67o 
- 

Bidirectional scanning 

strategy, with a 67◦ 

rotation  

Laser mode Continuous (CW) Continuous (CW) Pulsed (PW) 

VED (J/mm3) 30-320 35-109 26-100 

Preheating (oC) - 80 - 

Characterization Cubic samples 
Single-tracks and cubic 

samples 
Cubic samples 

 

4.3 Materials and Methodology 

4.3.1 IN939 Fabrication by the PBF-LB Process 

The research employed gas-atomized IN939 powder whose particle size 

distribution is between 17.4 μm and 52 μm (Truform 939-N65, Praxair Surface 

Technologies) to produce IN939 samples. The chemical composition of the powder is 

given in Table 4.2, and a detailed powder characterization was presented in a prior study 

conducted by the authors [15]. 

Table 4.2 The chemical composition (wt.%) of the gas atomized IN939 powder. 

Elements Al Co Cr Nb Ta Ti W 

wt.% 

1.9 18.9 22.8 1.0 1.4 3.8 2.0 

Zr Ni B C O N  

0.028 Bal. 0.004 0.16 0.014 0.009  

 

An Aconity MINI (GmbH) metal 3D printer equipped with an Ytterbium fiber laser 

from IPG, model YLR-200-WC-Y11, 2011 series with a wavelength of 1068 nm was used 

to fabricate IN939 samples. All fabrications were carried out under a protective argon 
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atmosphere maintained using 99.999% pure argon gas, ensuring oxygen levels remained 

below 20 ppm. Additionally, CK45 steel was used as a build plate for all prints. 

IN939 cubic samples (10 mm × 10 mm × 10 mm with 2 mm support) were 

fabricated with the Aconity MINI. Figure 4.1 presents images of the build plate post-

fabrication, along with a schematic representation of the as-built samples. A full factorial 

Design of Experiment (DoE) model with 3 factors at 3 levels (33) was created to analyze 

the impact of input processing parameters on output characteristics. The input parameters 

included laser power, laser scanning speed, and hatch distance, and the PBF-LB process 

parameters used in this study are given in Table 4.3. The full factorial DoE combination 

of the PBF-LB process parameters and VED values are listed in Table 4.4 with the 

corresponding sample number. The input VED [207] was calculated according to the 

following Equation (4.1): 

VED = 
P

V x h x t
 (J/mm3)                                                     (4.1) 

where, P represents laser power (W), V stands for laser scanning speed (mm/s), h presents 

hatch distance (μm), and t denotes layer thickness (μm). 
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Figure 4.1 Images of the build plate after fabrication and schematic of the as-built IN939 

samples. 

Table 4.3 PBF-LB process parameters used in the present study and their levels. 
 

Process Parameters Level-1 Level-2 Level-3 

Laser power (W) 160 180 200 

Laser scanning speed (mm/s) 400 800 1200 

Hatch distance (μm) 50 80 110 

Layer thickness (μm) 40 (fixed) 

Spot size (μm) 80 (fixed) 

Contour (μm) 50 

Scanning strategy Alternating bi-directional scan with 67o rotation  
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Table 4.4 PBF-LB process parameters for the entire DoE, along with the sample numbers. 

Sample 
Laser power 

(W) 

Hatch distance 

(μm) 

Laser scanning 

speed (mm/s) 
VED (J/mm3) 

1 160 50 400 200.0 

2 160 50 800 100.0 

3 160 50 1200 66.7 

4 180 50 400 225.0 

5 180 50 800 112.5 

6 180 50 1200 75.0 

7 200 50 400 250.0 

8 200 50 800 125.0 

9 200 50 1200 83.3 

10 160 80 400 125.0 

11 160 80 800 62.5 

12 160 80 1200 41.7 

13 180 80 400 140.6 

14 180 80 800 70.3 

15 180 80 1200 46.9 

16 200 80 400 156.3 

17 200 80 800 78.1 

18 200 80 1200 52.1 

19 160 110 400 90.9 

20 160 110 800 45.5 

21 160 110 1200 30.3 

22 180 110 400 102.3 

23 180 110 800 51.1 

24 180 110 1200 34.1 

25 200 110 400 113.6 

26 200 110 800 56.8 

27 200 110 1200 37.9 
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4.3.2 Surface Roughness Measurement 

Surface roughness measurements of the as-built samples were conducted using the 

Bruker ContourGT, focusing on the XZ planes over a 2 mm × 2 mm area. The Sa value, 

indicating the arithmetical mean height, was utilized to quantify surface roughness. 

Additionally, the Sz value represents the summation of the maximum peak height and 

maximum pit depth. A rainbow scale bar, ranging from +100 μm to -87 μm, was employed 

to enhance the visualization of surface roughness disparities among the samples. 

4.3.3 Relative Density and Porosity Measurements 

The relative density of the as-built samples was measured by Archimedes’ method 

using a Sartorius Entris II Essential BCE124I-1S analytical balance having an accuracy 

and repeatability of ± 0.1 mg according to ASTM B311-17 [208]. The measurements were 

repeated three times for each sample to obtain the average relative density value of each 

sample. Before the measurements, the as-built samples were ground lightly to flat on all 

faces with 80 SiC abrasive paper and cleaned thoroughly. Ethanol (Lenox, 99.99 %) was 

used as the fluid. Additionally, the theoretical density of a fully dense IN939 was taken as 

8.15 g/cm3 to calculate the relative density values of the samples [68].  

Conventional optical microscopy was employed to analyze the distribution of porosity. 

Optical images of the as-polished cross-sections, captured from both XZ and XY planes, 

were taken utilizing the stitching capability of the Keyence 3D optical microscope. For the 

porosity calculation, the stitched optical images including at least 20 images for XZ planes 

and 10 images for XY planes were analyzed using ImageJ software. 

The response surface method (RSM) is a collection of mathematical and statistical 

techniques used for modelling and predicting the output response. To analyze the 

relationship between input laser process parameters and relative density (%) and surface 

roughness (μm), the RSM of experimental design was employed by using Design-Expert 

13 software.  

4.3.4 Microstructural Characterization 

The as-built samples were precision-cut to investigate both XZ and XY planes (XZ 

plane which is parallel to the building direction and XY plane which is perpendicular to 

the building direction) and were hot-mounted with Bakelite. Then, mounted samples were 

automatically ground using conventional SiC grinding papers (up to 1200 grit sizes) and 
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polished with progressively finer diamond suspensions (9, 3, and 1 μm) using the Struers 

Tegramin-20 machine. After that, as-polished samples were etched with the Glyceregia 

reagent (15 ml HCl, 10 ml glycerol and 5 ml HNO3) for further microstructural 

examination. For microstructural examinations, Keyence VHX2000E optical 3D digital 

microscope (OM), and Zeiss EVO LS-15 Scanning Electron Microscope (SEM) were 

utilized. Zeiss EVO LS 15 equipped with Oxford EDS detector was used for energy 

dispersive X-ray spectroscopy (EDS) analysis (an acceleration voltage of 15 kV, 1.0 nA 

probe current, WD: 8.5 mm). 

4.4 Results 

4.4.1  Surface Roughness 

Table 4.5 displays the average surface roughness (Sa), ranging from 4.6 μm to 9.5 μm, 

and the maximum height (Sz), ranging from 78.7 μm to 176.7 μm, for the XZ planes of the 

as-built samples. Among the samples, the lowest Sa value (4.6 μm) belongs to sample 26, 

whereas samples 1 and 2 have the highest Sa value (9.5 μm). Moreover, Figure 4.2 shows 

the surface roughness profiles of the selected as-built IN939 samples (samples 1, 8, 17, 

and 21). Additionally, optical images of the XZ planes of the as-built IN939 samples are 

presented in Figure 4A1 in Appendix A. It can be seen from the optical images that PBF-

LB process parameters have a direct influence on the dimensional accuracy and surface 

roughness. High VED resulted in the formation of devil horns due to over-melting. This 

defect was particularly pronounced in samples 1, 4, and 7, which had the highest VED 

values. Moreover, a strong correlation was found between the input processing parameters 

and the surface roughness (μm), as shown in Figure 4.3. Each graph displays the full range 

of two process parameters versus the surface roughness (μm), with the other parameters 

held constant. The model developed for the effect of the laser input power, laser scanning 

speed, and hatch distance on the resulting surface roughness was statistically significant 

(p-value < 0.0008). 
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Table 4.5 Average surface roughness (Sa) and the maximum height (Sz) values for the XZ 

planes of the as-built IN939 samples. 

Sample Sa (µm) Sz(µm) Sample Sa (µm) Sz(µm) 

1 9.5 157.6 15 5.3 118.2 

2 9.5 164.7 16 8.9 141.1 

3 7.6 137.8 17 5.4 99.1 

4 9.2 153.5 18 6.8 129.8 

5 8.8 154.2 19 6.0 168.3 

6 7.1 138.4 20 5.1 124.1 

7 6.0 78.7 21 6.3 117.3 

8 8.2 160.3 22 6.2 85.0 

9 7.7 173.0 23 5.7 133.4 

10 7.9 130.2 24 6.7 134.1 

11 6.0 138.6 25 6.6 107.0 

12 7.6 154.5 26 4.6 95.0 

13 9.3 176.7 27 5.5 150.4 

14 5.0 87.0    

 

 

Figure 4.2 Surface roughness profiles of the selected as-built IN939 samples (samples 1, 

8, 17, and 21). 
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Figure 4.3 RSM graphs of the surface roughness (μm) versus the different input 

processing parameters. 

4.4.2 Relative Density  

Relative density values are depicted in Table 4.6. Additionally, Figure 4A2(a) in 

Appendix A shows the relative density (%) versus VED (J/mm3) graph. The results indicate 

that sample 8 exhibits the highest relative density at 99.35%, whereas sample 21 shows the 

lowest relative density at 93.56%. Furthermore, samples 14, 6, 9, and 17 exhibit also high 

relative densities at 99.25%, 99.23%, 99.20%, and 99.20%, respectively. On the other 

hand, sample 1 has a very low relative density (94.19%) after sample 21. Moreover, the 

same VED (125 J/mm3) values, obtained using different process parameters, resulted in 

different relative densities for samples 8 and 10. Furthermore, a strong correlation was 

found between the input processing parameters and the relative density (%), as shown in 
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Figure 4.4. Each graph displays the full range of two process parameters versus the relative 

density (%), with the other parameters held constant. The model developed for the effect 

of the laser input power, laser scanning speed, and hatch distance on the resulting relative 

density was statistically significant (p-value < 0.0001). 

Table 4.6 Relative density (%) values of the as-built IN939 samples (errors show 95% CI). 

Sample P (W) h (μm) V (mm/s) 
VED 

(J/mm3) 

Relative 

density (%) 

1 160 50 400 200.0 94.19 ± 0.009 

2 160 50 800 100.0 98.83 ± 0.008 

3 160 50 1200 66.7 99.05 ± 0.010 

4 180 50 400 225.0 96.50 ± 0.006 

5 180 50 800 112.5 98.97 ± 0.003 

6 180 50 1200 75.0 99.23 ± 0.003 

7 200 50 400 250.0 96.02 ± 0.007 

8 200 50 800 125.0 99.35 ± 0.011 

9 200 50 1200 83.3 99.20 ± 0.006 

10 160 80 400 125.0 95.93 ± 0.002 

11 160 80 800 62.5 99.08 ± 0.004 

12 160 80 1200 41.7 97.18 ± 0.001 

13 180 80 400 140.6 96.16 ± 0.007 

14 180 80 800 70.3 99.25 ± 0.010 

15 180 80 1200 46.9 98.76 ± 0.001 

16 200 80 400 156.3 97.12 ± 0.004 

17 200 80 800 78.1 99.20 ± 0.002 

18 200 80 1200 52.1 98.87 ± 0.007 

19 160 110 400 90.9 97.92 ± 0.003 

20 160 110 800 45.5 98.71 ± 0.005 

21 160 110 1200 30.3 93.56 ± 0.009 

22 180 110 400 102.3 98.02 ± 0.003 

23 180 110 800 51.1 98.81 ± 0.002 

24 180 110 1200 34.1 94.40 ± 0.011 

25 200 110 400 113.6 97.92 ± 0.013 

26 200 110 800 56.8 99.10 ± 0.016 

27 200 110 1200 37.9 97.40 ± 0.008 
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Figure 4.4 RSM graphs of the relative density (%) versus the different input processing 

parameters. 

4.4.3 Defect Formation 

The porosity percentages of the samples were calculated by including all voids, such 

as gas porosity and lack of fusion (LOF) defects by using ImageJ. Table 4.7 presents the 

results of the ImageJ porosity analysis for the samples, along with the average results, 

including average porosity (%), pores/mm2, and average Feret size (μm). Additionally, 

Figure 4A2(b) in Appendix A shows the average porosity (%) versus VED (J/mm3) graph. 

Furthermore, Figure 4.5, Figure 4.6 and Figure 4.7 show the as-polished optical 

micrographs of the XZ planes of the samples. In addition to this, the results of the ImageJ 

porosity analysis for the XZ and XY planes of the samples are given in Table 4A1 in 
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Appendix A, and the as-polished optical micrographs of the XY planes of the samples are 

displayed in Figure 4A3 in Appendix A.  

A higher pores/mm2 value indicates a higher concentration of pores, which can 

decrease mechanical properties such as strength and fatigue resistance. Conversely, a lower 

pores/mm2 value suggests fewer pores, indicating better material quality and integrity. 

Additionally, the average Feret size provides insight into pore dimensions, with a larger 

average Feret size indicating the presence of larger pores, and a smaller average Feret size 

indicating predominantly smaller pores. According to the results, sample 1 exhibits the 

highest average porosity (%) at 9.18%, while samples 14 and 17 show the lowest average 

porosity at 0.06%. Additionally, the average porosity (%) for sample 11 is 0.07%, closely 

resembling that of samples 14 and 17. Although samples 14 and 17 have the same average 

porosity (%) values, their porosity/mm2 and average Feret size values are different (Table 

4.7). On the other hand, samples 8 and 10 have completely different average porosity (%) 

values at 0.09% and 3.50% even though they have the same VED value. Very high VED 

resulted in large, irregular pores for samples 1, 4, and 7 (Figure 4.5) and samples 10, 13, 

and 16 (Figure 4.6). Additionally, these samples contain a high number of small pores, 

leading to high pores/mm² values. However, the combination of very large and very small 

pores reduced the average Feret size. On the other hand, the lowest VED, which is 30.3 

J/mm3, belongs to sample 21. This sample exhibits the lowest relative density and high 

porosity due to insufficient energy for melting (Figure 4.7). Additionally, samples 24 and 

27 exhibit low relative density and high porosity due to their low VED values. 
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Table 4.7 ImageJ porosity analysis of the as-built samples. 

Sample  
Average 

Porosity (%) 

Average 

Pores/mm2 

Average Feret 

Size (µm) 

1 9.18 38.27 39.53 

2 0.64 5.69 61.52 

3 0.31 2.36 190.37 

4 2.71 40.68 30.63 

5 0.45 6.79 70.72 

6 0.14 2.80 108.30 

7 5.15 44.94 32.90 

8 0.09 5.64 46.80 

9 0.28 18.37 14.06 

10 3.50 47.99 29.99 

11 0.07 13.76 8.82 

12 2.70 24.56 39.37 

13 3.49 28.74 38.74 

14 0.06 3.12 15.01 

15 0.39 4.11 35.21 

16 2.83 30.30 43.42 

17 0.06 6.73 11.32 

18 0.46 11.46 30.38 

19 1.51 29.11 32.84 

20 0.50 12.56 39.55 

21 6.41 63.72 44.59 

22 1.38 31.03 27.33 

23 0.63 32.54 20.41 

24 5.98 63.86 38.42 

25 1.21 28.70 25.06 

26 0.10 2.24 78.23 

27 1.85 36.18 36.99 
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Figure 4.5 The as-polished optical micrographs of as-built samples (1-9) in the XZ plane 

(parallel to the build direction). Porosity (%) values are indicated on the micrographs 

(hatch distance: 50 μm). 
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Figure 4.6 The as-polished optical micrographs of as-built samples (10-18) in the XZ 

plane (parallel to the build direction). Porosity (%) values are indicated on the 

micrographs (hatch distance: 80 μm). 
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Figure 4.7 The as-polished optical micrographs of as-built samples (19-27) in the XZ 

plane (parallel to the build direction). Porosity (%) values are indicated on the 

micrographs (hatch distance: 110 μm). 

4.4.4 Microstructure 

The grain structures of the selected samples (1, 8, 11, 12, 14, 17, 21, 25, and 26) can 

be seen from the optical micrographs (Figure 4.8). The Gaussian energy distribution of the 

laser beam in the PBF-LB process results in arc-shaped melt pools in the XZ planes, which 

are parallel to the build direction. The arc-shaped melt pools, along with a microstructure 

composed of the columnar elongated grains along the build direction were observed in the 

XZ planes of the samples. Furthermore, samples fabricated with high VED (i.e., sample 1) 

have regions having dendritic microstructure. The cross-section micrographs of the top 
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layers of selected samples (1, 8, 14, 17, and 26) are displayed in Figure 4A4 in Appendix 

A. The micrographs reveal that melt pools with a higher depth/width aspect ratio (keyhole 

melting mode) were formed in samples 1 and 8 due to the higher applied VED, indicating 

a dynamic melt pool motion occurred during melting. 

SEM images of the selected samples, which are samples 1, 8, 14, 17 and 26, show 

cellular structures and columnar dendrites within the microstructure (Figure 4.9). 

Furthermore, according to EDS analyses taken from the dendritic region of sample 1, fine 

irregular-shaped MC-type (rich in Ti, Ta, and Nb) carbides were observed. During SEM 

analysis, a few microcracks (less than 50 μm in length) were observed in the samples, 

although these microcracks were not visible in as-polished micrographs. The authors 

recommend that SEM examination of samples should be conducted after etching to ensure 

a thorough assessment for cracks. It was noted that some microcracks, invisible after 

polishing, became apparent after etching. This additional step ensures a more 

comprehensive assessment of crack formation. 

 

Figure 4.8 Optical micrographs of the XZ planes of the selected as-built samples (1, 8, 

11, 12, 14, 17, 21, 25, and 26). 
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Figure 4.9 SEM images of the XZ planes of the selected as-built samples (1, 8, 14, 17, 

and 26), along with EDS results of the MC-carbides. 
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4.5 Discussion 

Among the PBF-LB process parameters, laser power, laser scanning speed, hatch 

distance, layer thickness, and scanning strategy are the main factors [130]. The 

combination of these processing parameters significantly influences melt pool geometry, 

local microstructure, defect size and morphology [172]. The current study demonstrates 

that the relative density, defect formation, surface roughness, and microstructure of as-

built IN939 samples can be directly controlled by adjusting the PBF-LB process 

parameters. In literature, an effective process window, defined by LOF, keyhole, and bead-

up porosity boundaries, is created to optimize process parameters for the PBF-LB process, 

enabling the production of parts with nominally full density. It should be noted that even 

if a sample is fully dense (volumetric density > 99.9%), it may still have large defects 

[169,172]. In our study, sample 6 is a good example for this. Although it has a high relative 

density (99.23%) and low average porosity (0.14%), the average Feret size is calculated as 

108.3 μm. This can be also seen from the as-polished micrographs (Figure 4.5 and Figure 

4A3 in Appendix A). 

The combination of high laser power, low laser scanning speed, and small layer 

thickness results in excessive energy, leading to a highly fluctuated molten pool. This melt 

pool exhibits a keyhole melting mode, often resulting in keyhole porosity [203]. Keyhole 

formation occurs in four stages: liquid vaporization in the melt pool, depression of the 

liquid surface, instability, and keyhole formation. The formation of a keyhole indicates that 

the melt pool enters a volatile state, where surface tension, drag force, recoil pressure, and 

other forces are coupled in the molten pool. This dynamic environment causes continuous 

keyhole fluctuations, which play a vital role in the formation of keyhole pores. 

Additionally, keyhole melt pools have often a "J" shape [171]. Aboulkhair et al. [157] 

reported that keyhole pores are irregularly shaped and larger than 100 µm. Specifically, 

samples 1, 4, 7, 10, 13, and 16 exhibit very large, irregular keyhole pores attributed to high 

VED, along with small spherical pores. On the other hand, low laser power combined with 

large layer thickness and high laser scanning speed can generate insufficient energy. This 

often results in high surface tension, unmelted powder, and poor wetting of the molten 

pool, leading to balling and dimensional errors. Intertrack LOF, interlayer LOF, and 

spattering-induced LOF are the three main types of LOF defects. Intertrack LOF stems 

from inadequate melt pool overlap due to factors like melt pool shape, size, and hatch 

spacing. Interlayer LOF arises from incomplete bonding between layers, primarily due to 

low laser energy density, limiting melt pool depth and flow. Spattering-induced LOF 
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occurs when spatters deposited on the part’s surface hinder uniform powder spreading, 

leading to numerous LOF defects [171,203]. Especially, samples 12, 21, 24, and 27 are 

good examples of LOF defects due to insufficient energy. Furthermore, hatch distance 

significantly influences the overlapping rate of scan tracks, impacting densification and 

surface roughness. A high hatch space can cause insufficient overlap between adjacent 

tracks, leaving unmelted powder on the layer. Conversely, a low hatch space can result in 

excessive melting of the previous track, leading to a rough surface and a heat-affected zone 

[203]. RSM graphs for surface roughness (Figure 4.3) and relative density (Figure 4.4) 

clearly show the importance of the hatch distance.  

It should be noted that relative densities for PBF-LB materials produced using different 

processing parameters can vary by up to 5%, despite having the same energy density. For 

instance, if hatch spacing is increased and layer thickness is decreased by the same 

proportion, the energy density remains constant, yet porosity outcomes differ [172]. 

Samples 8 and 10 illustrate this phenomenon. Despite having the same VED of 125 J/mm3, 

their relative densities and average porosity values differ significantly: sample 8 exhibited 

a relative density of 99.35% and an average porosity of 0.09%, while sample 10 had a 

relative density of 95.93% and an average porosity of 3.50%. This demonstrates that VED 

alone does not reliably predict porosity or density outcomes in PBF-LB materials. 

Spatter formation is inherently due to the nature of the PBF-LB process. Alleviating 

defects caused by spatter powder is challenging because the landing position of the spatter 

during the PBF-LB process is unpredictable. For this reason, spattering affects the 

microstructure, part quality, and properties of the PBF-LB materials [15]. A dendritic 

microstructure was observed near keyhole pores shown in Figure 4.8 (sample 1), which 

can be attributed to the thermal conductivity difference between the air trapped in the 

keyhole pores and the solid material [157]. Additionally, these dendritic regions can be 

partially melted spatter powder. Rapid solidification during the PBF-LB process causes 

the segregation of certain elements, leading to the formation of MC-type (i.e., Ti-, Ta-, Nb-

rich) and M23C6-type carbides (i.e., Cr-, W-rich M23C6 carbides). The effects of MC-type 

carbides on the mechanical properties of Ni-base superalloys can be either beneficial or 

detrimental, primarily depending on their distribution and morphology. They can 

negatively affect the mechanical properties of Ni-base superalloys when they act as 

nucleation sites for crack formation. However, when located within grains, they can act as 

barriers to dislocation movement, like precipitates, thereby potentially enhancing the 

mechanical properties [4,14,46]. 
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 Furthermore, in the PBF-LB process, rapid cooling and non-equilibrium solidification 

significantly affect the solidification microstructure. This microstructure is influenced by 

parameters such as solidification rate (R), undercooling (ΔT), and temperature gradient 

(G), alongside PBF-LB process parameters. The size and morphology of the solidification 

microstructure, whether planar, cellular, equiaxed dendritic, or columnar dendritic, are 

determined by GxR and G/R. Lower cooling rates result in coarser structures (GxR), while 

higher cooling rates lead to finer structures [44,124]. A high G/R ratio results in a planar 

solidification morphology, while a moderate G/R ratio leads to cellular structures, and a 

low G/R ratio produces columnar or equiaxed dendritic structures. PBF-LB process has 

high cooling rates, which can change according to process parameters used in the process, 

so typically yielding high G/R values that favour the formation of cellular structures [209]. 

Moreover, columnar dendritic structures can also be seen in the PBF-LB process [14]. The 

cellular structures exhibit a honeycomb-like morphology, varying with the observation 

direction: they appear as parallel boundaries along the building direction and as circular 

features on the transverse section. Consequently, the cellular structures can manifest as 

circles, ellipses, or parallel lines in different cross-sections, a characteristic widely 

observed in additively manufactured metals and alloys [209]. 

Superalloys like IN939, rich in Al and Ti, form the L12-ordered γ' phase (Ni3(Al, Ti)) 

but are prone to cracking in the PBF-LB process [99]. Two primary crack types are 

observed in IN939 during the PBF-LB process: solidification cracks and solid-state cracks. 

Solidification cracks, or "hot tears," occur in the semisolid state within the mushy zone due 

to interdendritic stress concentration. Solid-state cracks include strain-age cracks, 

ductility-dip cracks (DDC), and cold cracks. Additionally, oxides can contribute to crack 

formation by causing stress concentrations, increased boundary brittleness, and 

constitutional liquation at the oxide-matrix interface [16,102,103,210]. In this study, a few 

cracks, which became visible after the etching process, were observed, and appeared to be 

solidification cracks. 

4.6 Conclusions 

Optimizing process parameters is crucial for achieving desired properties such as 

defect-free samples in the PBF-LB process. This study aims to fill the existing research 

gap by investigating the effects of process parameters such as laser power, laser scanning 

speed, and hatch distance on the relative density, defect formation, surface roughness, and 
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microstructure of IN939 fabricated by the PBF-LB. The main findings from the observed 

results are summarized as follows:  

1) The average surface roughness (Sa) of the XZ planes of the as-built samples ranged 

from 4.6 μm to 9.5 μm, while the average height difference (Sz) ranged from 78.7 

μm to 176.7 μm. Sample 26 had the lowest Sa (4.6 μm), while samples 1 and 2 had 

the highest (9.5 μm). 

2) Sample 8 had the highest relative density at 99.35%, and sample 21 had the lowest 

at 93.56%. Samples 14, 6, 9, and 17 also showed high relative densities of 99.25%, 

99.23%, 99.20%, and 99.20%, respectively. Sample 1 had a notably low relative 

density of 94.19%, just above sample 21. Samples 8 and 10, despite having the 

same VED (125 J/mm3), exhibited different relative densities (%) and porosity (%) 

due to varying process parameters. 

3) Sample 1 had the highest average porosity at 9.18%, while samples 14 and 17 had 

the lowest at 0.06%. Sample 11 showed a similar low porosity at 0.07%. Despite 

the same average porosity, samples 14 and 17 differ in porosity/mm2 and average 

Feret size. High VED resulted in large, irregular pores for samples 1, 4, 7, 10, 13, 

and 16. Sample 21, with the lowest VED (30.3 J/mm3), showed high porosity due 

to insufficient melting energy. 

4) The samples contained few microcracks, each less than 50 microns in length, 

indicative of solidification cracks. 

5) Observations in the XZ planes of the samples revealed arc-shaped melt pools and 

a microstructure characterized by columnar elongated grains aligned along the 

build direction. Additionally, cellular structures and columnar dendrites were 

observed within the microstructure of the samples. 

4.7 Contribution to Thesis Objectives 

PBF-LB process has over 100 process parameters according to the literature. The 

understanding of these process parameters and their effects on the properties of the 

fabricated parts is crucial for both academia and industry. After a thorough review of the 

existing literature, it was found that there were limited studies on the understanding of how 

PBF-LB process parameters impact the material properties such as densification, surface 

roughness, and microstructure of IN939 samples. Moreover, there was no study reported 

on the fabrication of IN939 using an Aconity MINI PBF-LB machine. It should be noted 

that the PBF-LB machine itself is also a process parameter. This chapter significantly 
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advances the understanding of how PBF-LB process parameters (laser power, laser 

scanning speed, and hatch distance) impact the relative density, defect formation, surface 

roughness, and microstructure of IN939 samples. Key contributions included the 

identification of optimal parameters for achieving the highest relative density (99.35%) 

and the lowest surface roughness (4.6 μm). The study revealed the complex relationship 

between process parameters and defect formation, including porosity and microcracks, 

demonstrating that different volumetric energy densities (VED) lead to significant 

variations in porosity and pore characteristics. Furthermore, the microstructural analysis 

provided insights into the formation of arc-shaped melt pools, columnar grains, and 

dendritic structures, essential for understanding the material's behaviour during 

solidification. By systematically analyzing and presenting the effects of PBF-LB process 

parameters, this research offers valuable guidelines for optimizing manufacturing 

processes to enhance the quality and performance of IN939 components. 
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4.8 Appendix A  

 

Figure 4A1 Optical images of the XZ planes of the as-built IN939 samples. 
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Figure 4A2 (a) Relative density (%) and (b) average porosity (%) versus VED (J/mm3) 

graphs of the as-built samples. 
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Table 4A1 ImageJ porosity analysis for the XZ and XY planes of the as-built samples. 

Sample Porosity (%) Pores/mm2 
Average Feret  

Size (µm) 

1-XZ 9.93 39.26 37.23 

1-XY 8.43 37.28 41.83 

1-Average 9.18 38.27 39.53 

2-XZ 0.72 4.78 34.25 

2-XY 0.57 6.60 88.79 

2-Average 0.64 5.69 61.52 

3-XZ 0.22 2.64 63.54 

3-XY 0.40 2.07 317.20 

3-Average 0.31 2.36 190.37 

4-XZ 3.22 33.17 31.99 

4-XY 2.21 48.20 29.26 

4-Average 2.71 40.68 30.63 

5-XZ 0.54 2.91 92.30 

5-XY 0.35 10.66 49.14 

5-Average 0.45 6.79 70.72 

6-XZ 0.18 2.29 83.92 

6-XY 0.10 3.31 132.67 

6-Average 0.14 2.80 108.30 

7-XZ 7.78 42.51 35.32 

7-XY 2.51 47.37 30.48 

7-Average 5.15 44.94 32.90 

8-XZ 0.07 6.48 11.87 

8-XY 0.11 4.80 81.73 

8-Average 0.09 5.64 46.80 

9-XZ 0.45 7.75 20.15 

9-XY 0.12 28.99 7.98 

9-Average 0.28 18.37 14.06 

10-XZ 4.59 52.47 25.93 

10-XY 2.41 43.52 34.05 

10-Average 3.50 47.99 29.99 

11-XZ 0.08 9.53 10.24 

11-XY 0.06 18.00 7.39 

11-Average 0.07 13.76 8.82 

12-XZ 2.77 15.18 48.80 

12-XY 2.64 33.94 29.95 

12-Average 2.70 24.56 39.37 

13-XZ 4.84 23.63 36.87 

13-XY 2.13 33.85 40.61 

13-Average 3.49 28.74 38.74 

14-XZ 0.04 2.76 13.86 

14-XY 0.09 3.49 16.17 

14-Average 0.06 3.12 15.01 

15-XZ 0.68 5.43 30.25 

15-XY 0.10 2.79 40.17 

15-Average 0.39 4.11 35.21 

16-XZ 3.21 28.36 39.94 

16-XY 2.46 32.24 46.91 

16-Average 2.83 30.30 43.42 

17-XZ 0.08 7.79 12.96 

17-XY 0.05 5.66 9.69 

17-Average 0.06 6.73 11.32 

18-XZ 0.35 9.51 21.61 

18-XY 0.56 13.42 39.15 

18-Average 0.46 11.46 30.38 

19-XZ 1.55 35.86 23.25 
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19-XY 1.48 22.36 42.43 

19-Average 1.51 29.11 32.84 

20-XZ 0.54 8.36 56.31 

20-XY 0.46 16.75 22.78 

20-Average 0.50 12.56 39.55 

21-XZ 6.83 54.49 45.66 

21-XY 5.99 72.95 43.52 

21-Average 6.41 63.72 44.59 

22-XZ 1.37 34.71 28.54 

22-XY 1.40 27.35 26.13 

22-Average 1.38 31.03 27.33 

23-XZ 0.71 32.37 21.38 

23-XY 0.54 32.72 19.45 

23-Average 0.63 32.54 20.41 

24-XZ 5.58 62.21 38.60 

24-XY 6.38 65.51 38.23 

24-Average 5.98 63.86 38.42 

25-XZ 1.38 36.03 23.94 

25-XY 1.04 21.37 26.18 

25-Average 1.21 28.70 25.06 

26-XZ 0.06 2.84 15.05 

26-XY 0.14 1.64 141.41 

26-Average 0.10 2.24 78.23 

27-XZ 2.22 23.71 49.40 

27-XY 1.48 48.66 24.59 

27-Average 1.85 36.18 36.99 
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Figure 4A3 The as-polished optical micrographs of as-built samples (1-27) in the XY 

plane (perpendicular to the build direction). Porosity (%) values are indicated on the 

micrographs.  
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Figure 4A4 Optical micrographs of the XZ planes of the selected as-built samples (1, 8, 

14, 17, and 26). 
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5.1 Abstract 

This study provides a comprehensive investigation into the effects of different scanning 

strategies on the material properties of IN939 fabricated using the powder bed fusion-laser 

beam (PBF-LB) process. The scanning strategies examined included alternating bi-

directional scanning with rotation angles of 0o, 45o, 67o, and 90o between adjacent layers 

(named as shown), as well as alternating chessboard scanning with rotation angles of 67o 

and 90o (named as Q67o and Q90o). The results revealed that the 45o and 67o samples had 

the highest relative density, while the 0o and Q67o samples showed the highest average 

porosity. Moreover, various types of cracks, including solidification, solid-state, and 

oxide-induced cracks, were observed. Among the bi-directional scan samples, the 0° 

sample displayed the most extensive cracking and the highest σmax residual stress values in 

both XZ and XY planes. Conversely, the 45° and 67° samples exhibited fewer cracks. 

Notably, the lowest σmax residual stress in the XZ planes among the bi-directional scan 

samples was observed in the 67° sample. Additionally, microstructural analyses indicated 

differences in grain size and morphology, among the samples. Texture analysis indicated 

that the 0o and 90o samples exhibited strong cube textures, whereas the texture intensity 

weakened for the 45o and 67o samples. Moreover, the alternating chessboard scanning 

strategy led to rougher surfaces (higher Sa and Sz values) compared to the alternating bi-

directional scanning strategy, regardless of the rotation angles. Furthermore, the 

microhardness values among the samples showed minimal variance, ranging between 

321 ± 14 HV and 356 ± 7 HV. 

5.2 Introduction 

Metal additive manufacturing (AM) provides significant advantages over traditional 

manufacturing techniques. These include the production of metal parts with intricate 

geometric complexity in a single step, the ability to achieve design freedom through near-

net-shape production, as well as reductions in material waste and tooling costs [15,211]. 

Among the metal AM processes, the PBF-LB process stands out as one of the most widely 

utilized processes. It has gained significant attention from both industry and academia due 

to the aforementioned advantages [44,172]. Typically, the PBF-LB process begins by 

spreading a layer of metal powder onto a build plate. Then, a laser beam selectively melts 

the desired area within the powder layer based on the 3D computer-aided design (CAD) 

file. This layer-by-layer process continues until the part is fully fabricated [45,130]. 
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 Nevertheless, despite its advantages, the PBF-LB process may still exhibit some 

inevitable defects when the combined effect of improper scanning parameters and 

inadequate powder melting occurs. This can lead to various issues that compromise the 

mechanical properties and hinder large-scale industrial commercialization. These issues 

include partially melted powder, undesired microstructures, poor surface finish, porosity, 

balling, surface and internal cracks, and poor bonding between layers, all of which are 

primarily associated with an unstable melt pool status [171,203]. Moreover, the inherent 

characteristics of the PBF-LB process, such as rapid solidification, high cooling rates (105-

107 K/s), and repeated thermal cycles, result in non-equilibrium solidification, leading to 

significant residual stress  [103,204].  

In the PBF-LB process, there are over 100 processing parameters to consider [133]. 

The laser power, layer thickness, laser scanning speed, hatch distance (the distance 

between successive laser passes) are the most studied parameters. By adjusting these 

parameters, the printing process can be optimized to achieve the desired material properties 

[133]. Moreover, the scanning strategy, involving various factors such as scanning 

directions, scanning sequence, scanning vector length, scanning vector rotation angle, 

scanning time, and hatch distance, plays a crucial role in determining the thermal history 

and the arrangement of melt tracks within the fabricated parts. Thus, it enables precise 

control over the microstructure and overall performance of the fabricated parts 

[28,31,130]. The most utilized scanning strategies in the PBF-LB process include uni-

directional, bi-directional (zigzag), and chessboard/checkboard/island scanning strategies. 

In the uni-directional scanning strategy, the energy beam moves in the same direction 

throughout the process, resulting in long scanning vectors. In the bi-directional scanning 

strategy, adjacent parallel scanning vectors move in opposite directions, still with long 

scanning vectors. On the other hand, the chessboard/checkboard/island scanning strategy 

divides the area into small square cells, reducing the scan vector length. This strategy is 

achieved by alternately scanning adjacent cells, resembling the pattern of a chessboard or 

checkered board [28,161].  

Jia et al. [28] conducted a comprehensive review of the effects of the scanning strategy 

in the PBF-LB process on the microstructure, surface roughness, density, mechanical 

properties, and residual stress. In large parts, a shorter scan vector length is generally 

advantageous for reducing residual stress and enhancing the mechanical properties of the 

fabricated parts. Strategies such as island or bi-directional scanning can effectively 

mitigate residual stresses and minimize distortion by controlling local temperature 
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gradients and thermal cycles during the build process. Additionally, implementing a re-

melting strategy can be beneficial for achieving enhanced densification, minimizing 

surface roughness and defects, improving mechanical properties, and reducing residual 

stresses [28,212–215]. Overall, the choice of scanning strategy in the PBF-LB process 

significantly impacts the material properties. Understanding these effects is significant for 

optimizing the process parameters and achieving desired material properties for specific 

applications. 

The effect of scanning strategies on the material properties of Ni-base superalloys 

fabricated by the PBF-LB process such as IN625 [214,216,217], IN718 

[30,31,162,163,212,213,215,218], Hastelloy X [29,218,219], CM247LC [220], and IN738 

[32] has recently gained more attention. Wan et al. [30] investigated the grain structure and 

crystallographic texture of IN718 fabricated by the PBF-LB process. They found that 

applying a bi-directional strategy with 90° rotation scanning led to a pronounced 

competitive grain growth mechanism and a strong cube texture in the fabricated parts. 

Furthermore, Xu et al. [32] investigated the grain refinement and crack inhibition of IN738 

by altering the scanning strategy (rotation of 0o, 67o, and 90o between layers, respectively) 

during the PBF-LB process. They reported that by rotating the scanning direction 67o 

during the PBF-LB fabrication of IN738, resulted in nearly crack-free microstructures with 

local equiaxed grains and columnar grains, resulting in an excellent balance of strength 

and ductility. This demonstrates the potential for grain refinement and enhanced crack 

suppression in a hard-to-weld superalloy through alterations in the scanning strategy, 

without modifying the alloy composition. 

IN939 is a precipitation-hardenable Ni-base superalloy, strengthened mainly by the 

formation of the L12-ordered γ' phase (Ni3(Al, Ti)). It was developed in the late 1960s as 

a cast alloy to fulfill the need for a robust, highly corrosion-resistant alloy capable of 

prolonged operation at temperatures up to 850 °C. Its superior properties include 

microstructural stability at elevated temperatures, high-temperature corrosion, oxidation 

and creep resistance. It has been widely used for land-based (blades and vanes) and marine 

gas turbines, fuel nozzles, diffusers, turbine airfoils and aircraft engines [14,15]. The 

weldability of superalloys is often assessed based on the total concentration of Al and Ti 

elements, as they influence the volume fraction of the γ' phase. When the combined 

concentration of Al and Ti exceeds 6 wt.%, the risk of crack formation increases [221]. 

IN939 is considered fairly weldable yet crack-susceptible. Liquation cracking, attributed 

to factors such as MC carbides, γ′ phase particles, the eutectic γ−γ′ phase, and low melting 
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phases, has been reported in the heat affected zone (HAZ) of cast IN939 during tungsten 

inert gas (TIG) welding processes [92,117]. Additionally, solidification cracking and solid-

state cracking have been observed in IN939 fabricated by the PBF-LB [16,85].  

Research on IN939 fabricated by the PBF-LB is notably limited compared to 

studies on other Ni-base superalloys [4,11,17,18,85,86,89,90,178,222]. Despite recent 

interest in IN939 fabricated by the PBF-LB, there is a significant lack of understanding 

regarding the impact of scanning strategies on its material properties. This study aims to 

address the existing gap in research by examining the effects of various scanning strategies 

on the material properties of IN939 fabricated by the PBF-LB. Specifically, the effects of 

different scanning strategies, including alternating bi-directional scanning with rotations 

of 0o, 45o, 67o, and 90o between adjacent layers, as well as alternating chessboard scanning 

with rotations of 67o and 90o between adjacent layers were investigated on the relative 

density, pore and crack formation, surface roughness, microstructure, crystallographic 

texture, microhardness, and residual stress of IN939 fabricated by the PBF-LB.  

5.3 Materials and Methods 

5.3.1 Fabrication of IN939 Samples by the PBF-LB Process 

 In this study, gas atomized IN939 powder (Truform 939-N65, Praxair Surface 

Technologies) whose chemical composition is given in Table 5.1 was used to fabricate 

IN939 samples. Additionally, a comprehensive characterization of powder was reported in 

our previous study [15]. 

Table 5.1 The chemical composition (wt.%) of the gas atomized IN939 powder. 

Elements  Al Co  Cr Nb Ta Ti W Zr Ni B C O N 

wt.% 1.9 18.9 22.8 1.0 1.4 3.8 2.0 0.028 Bal. 0.004 0.16 0.014 0.009 

 

IN939 cubic samples (10 mm × 10 mm × 10 mm with 2 mm support), as shown 

in Figure 5.1, were fabricated under a protective argon atmosphere (which kept the oxygen 

level below 100 ppm) using Aconity MINI (GmbH) metal 3D printer equipped with 

an ytterbium fibre laser from IPG, model YLR-200-WC-Y11, 2011 series with a 

wavelength of 1068 nm.  

Process parameters used for the fabrication of the samples, along with details of 

the samples are given in Table 5.2. During the processing, a supply factor of 3 was used to 

https://www.sciencedirect.com/topics/materials-science/ytterbium
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provide enough powder to build area for each layer. In addition, the volumetric energy 

density, VED (J/mm3) was calculated as 62.5 J/mm3 by taking the laser power, P (W), laser 

speed, ʋ (mm/s), layer thickness, t (mm) and hatch spacing, h (mm). The same formula 

was used in our previous study to calculate VED [14]. 

Table 5.2 PBF-LB process parameters utilized in the present study. 

Laser power 

(W) 

Laser scan speed 

 (mm/s) 

Layer 

thickness 

(mm) 

Hatch spacing 

(mm) 

Off-set 

(contour) 

(mm) 

Spot size 

(mm) 

VED 

(J/mm3) 

200  1000 0.04 0.08 0.05 0.08 62.5  

Sample  Scanning strategy 

0o Alternating bi-directional scan with no rotation between the adjacent layers 

45o Alternating bi-directional scan with 45o rotation between the adjacent layers 

67o Alternating bi-directional scan with 67o rotation between the adjacent layers 

90o Alternating bi-directional scan with 90o rotation between the adjacent layers 

Q67o Alternating chessboard scan with 67o rotation between the adjacent layers  

Q90o Alternating chessboard scan with 90o rotation between the adjacent layers 

 

Figure 5.1 shows six different scanning strategies used to fabricate IN939 samples 

in this study, along with the build plate pictures after fabrication. Additionally, Table 5.2 

also gives the details about the scanning strategies used to fabricate IN939 samples. 

Netfabb software (a product of Autodesk) was used to prepare files for fabrication. 

Scanning strategy in the software includes the combination of the scanning pattern (or 

hatching type), hatch starting angle and position, hatch rotating angle per build layer, off-

set (contour), and up and down skin [130]. As Table 5.2 displays, the first four scanning 

strategies were called alternating bi-directional scan (also called simple scan in Netfabb) 

and the only difference between them is the rotation angle (0o, 45o, 67o, 90o) between the 

adjacent layers shown in Figure 5.1(a-d). The last two scanning strategies were called 

alternating chessboard scan (also called quad scan in Netfabb software) with two different 

rotation angles (67o and 90o) exhibited in Figure 5.1(e, f). In the chessboard scanning 

strategy, each layer was divided into small islands (island size 2.5 mm x 2.5 mm) forming 

a chessboard pattern and the overlapping gap was 0 mm.  

https://www.sciencedirect.com/topics/materials-science/energy-density
https://www.sciencedirect.com/topics/materials-science/energy-density
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Figure 5.1 Schematics of the scanning strategies: alternating bi-directional scan with (a) 

no rotation (b) 45o rotation, (c) 67o rotation, (d) 90o rotation between the adjacent layers, 

and alternating chessboard scan with (e) 67o rotation and (f) 90o rotation between the 

adjacent layers. (e) Pictures of build plate after fabrication and schematic of the as-built 

samples. 

5.3.2 Surface Roughness Measurements 

The surface roughness measurements of the as-built samples were characterized 

with Bruker ContourGT from three samples for each scanning strategy to obtain the 

average values of the samples (over an area of 2 mm × 2 mm on the XZ planes of the 

samples). Sa value, which expresses the height of each point compared to the arithmetical 

mean plane, was used to describe the surface roughness directly. Also, the Sz value, which 

represents the sum of the maximum peak height and the maximum pit depth, was 

calculated. Additionally, the rainbow scale bar is fixed between +85 μm and -85 μm to 

show the difference in surface roughness between the samples. 
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5.3.3 Microstructural Characterization 

For the metallographic examination, IN939 cubic samples were sectioned by a 

precision abrasive cutter (Buehler IsoMet 5000) to investigate both observation directions 

shown in Figure 5.1(g) (XZ plane which is parallel to the building direction and XY plane 

which is perpendicular to the building direction). Before the analyses, the as-built samples 

were hot mounted with conductive Bakelite and were automatically ground using 

conventional SiC grinding papers (320, 500, and 800 grit sizes) and polished with 

progressively finer diamond suspensions (9, 3, 1 μm). An additional final polishing step 

using 0.25 μm fumed silica (OP-S) was applied for electron backscatter diffraction (EBSD) 

analysis. Then, as-polished samples were etched with the Glyceregia reagent (15 ml HCl, 

10 ml glycerol and 5 ml HNO3) for further microstructural examination.  

Keyence VHX2000E optical 3D digital microscope (OM) and Carl Zeiss Merlin 

Field Emission Gun Scanning Electron Microscope (FEG-SEM) were used for 

microstructural examinations. Zeiss EVO LS 15 equipped with Oxford EDS detector was 

used for energy dispersive X-ray spectroscopy (EDS) analysis (an acceleration voltage of 

15 kV, 3.0 nA probe current, WD: 8.5 mm). 

EBSD analysis was carried out with the ZEISS Merlin SEM using 15 kV 

acceleration voltage, 6.0 nA probe current. EBSD maps of 325 μm × 325 μm were 

measured on a hexagonal grid with a step size of 0.75 μm. EBSD raw data was post-

processed using TSL OIM Analysis v7.3.1 software and points having CI (confidence 

index) below 0.1 were removed from datasets. Additionally, texture analyses were 

performed using the generalized spherical harmonic series expansion method of Bunge 

[188]. The harmonic series were expanded to a rank (L) of 34, and a Gaussian smoothing 

with a half-width of 5° was used.  

The phase contents of the samples were determined by X-ray diffraction (XRD) 

analysis with Bruker D8 Advance Eco device using Cu-Kα radiation at 40 kV via 

continuous scanning between 30° and 100° 2θ angles with a scan speed of 0.5 °/min. All 

samples were ground using SiC papers before the XRD analysis. 

5.3.4 Relative Density and Porosity Measurements 

The relative density of the as-built samples was measured by Archimedes’ method 

from six samples for each scanning strategy to obtain the average relative density values 

of each scanning strategy with the help of Sartorius Entris II Essential BCE124I-1S 



136 

analytical balance having an accuracy and repeatability of ± 0.1 mg according to ASTM 

B311-17 [208]. Acetone (Honeywell, purity ≥ 99.80% and density (20 oC): 0.79 g/cm3) 

was used as the fluid. The measurements were repeated three times for each sample. 

Additionally, the theoretical density of a full dense IN939 was taken as 8.15 g/cm3 to 

calculate the relative density values of the samples [68].  

In addition to Archimedes’ method, the conventional optical microscopy method 

was also used to analyze porosity distribution. The as-polished cross-section optical 

images (from both XZ and XY planes) were taken using the stitching property of the 

Keyence 3D optical microscope. For the porosity calculation, the stitched optical images 

including at least 20 images at 100X were analyzed using ImageJ software.  

5.3.5 Microhardness and Residual Stress Measurements 

 The Vickers microhardness values of the as-built samples were calculated from the 

average of 15 measurements for each XZ and XY plane of the samples using Zwick/Roell 

ZHV10 microhardness tester with a load of 1 kg and by the ASTM E384 standard [189].  

The electropolishing process was conducted on the both XZ and XY planes of the 

as-built samples using Struers Movipol-5 equipment with specific parameters: 45 volts, 20 

seconds duration, and 20 flow rates. An A2 electrolyte solution, consisting of 90 ml 

distilled water, 730 ml ethanol, 100 ml butoxyethanol, and 78 ml perchloric acid, was 

utilized for layer removal and depth profile measurements [223]. Around 100 μm of 

material was removed from the surface of the samples with electropolishing, and the depth 

was measured using a Mitutoyo micrometer gauge. 

  XRD residual stress measurements were conducted using the Xstress_3000_G2R 

measurement device manufactured by Stresstech, with XTronic software version V1.14.0. 

This equipment and measurement strategy comply with the European X-ray residual stress 

testing standard EN 15305. Before the experiments, the system is aligned according to the 

ASTM E915 standard [224] and focal length is determined by using an interlaboratory 

certified IN625 powder and interlaboratory calibrated shot peened IN718. For 

measurements, manganese (Mn-Kα) radiation having a wavelength of 2.10314 Å was used 

as the X-ray source. A collimator with a 2 mm diameter was utilized, positioned at 10 mm 

from lower-left corner of all samples. The detector distance from the samples was 50 mm, 

with an arc radius of 50 mm.  Exposure time was maintained at 10 seconds, and the number 

of tilts ranged from -8 to +8 (with a tilt angle of -45° to +45° and without oscillation). The 
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Poisson's Ratio (ν) and Modulus of Elasticity (E) values used were 0.28 and 167 GPa, 

respectively. Stress values were then calculated at angles of 0°, 45°, and 90°, from those 

values principal stress (σmax and σmin) and the orientation of the maximum principal stress 

with respect to global axes (Φ(σmax)) were determined under plane-stress assumption. 

5.4 Results 

5.4.1 Relative Density and Porosity  

The relative density values are depicted in Figure 5.2(a). The results indicate that 

the 45o sample exhibits the highest relative density at 99.29%, whereas the Q90o sample 

shows the lowest relative density at 99.05%. Furthermore, the 67o sample demonstrates a 

relative density value of 99.28%, which is nearly identical to that of the 45o sample. In 

addition to the relative density values, Figure 5.2(b) presents the results of the ImageJ 

porosity analysis for the XZ and XY planes of the samples, along with the average results, 

including porosity (%), pores/mm2, and average Feret size (μm). According to the results, 

the 0o and Q67 o samples exhibit the highest average porosity (%) at 0.27%, while the 90o 

samples show the lowest average porosity at 0.06%. Additionally, the average porosity (%) 

for the 67o sample is 0.07%, which closely resembles that of the 90o sample. The as-

polished optical micrographs of the as-built samples in both XZ and XY planes are shown 

in Figure 5.3. Among the alternating bi-directional scanning strategy, the highest defect 

formation such as pores and cracks were observed in the XZ plane of 0o sample (Figure 

5.3(a)) and this is supported by the pores/mm2 value of 17.74, which is the highest among 

them. It should be noted that the pores/mm2 value obtained from the ImageJ analysis of 

the PBF-LB fabricated samples provides insight into the porosity density within the 

material. A higher pores/mm2 value indicates a higher concentration of pores, which can 

lead to decreased mechanical properties such as strength and fatigue resistance. Moreover, 

a lower pores/mm2 value suggests a lower density of pores, which may indicate better 

material quality and integrity. Additionally, the typical size of pores in the sample can be 

interpreted from the average Feret size (a larger average Feret size suggests the presence 

of larger pores, whereas a smaller average Feret size indicates predominantly smaller 

pores). Therefore, controlling and minimizing the porosity, pores/mm2, and average Feret 

size values are crucial for optimizing the quality and performance of the PBF-LB 

fabricated components. Furthermore, a chessboard-like distribution of porosity was 

observed in the XY planes of the Q67o and Q90o samples. This pattern is likely attributed 

to a non-optimized overlapping ratio, as the overlapping gap was set to 0 mm in this study. 
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Pores were also present in the overlapping regions of the XZ planes of the Q67° and Q90° 

samples. Moreover, pores/mm2 is higher in the XY planes of these samples, whereas this 

is the opposite in the 67o and 90o samples. Among the six samples, the average Feret size 

is the lowest in the 67° sample, indicating that the smallest pores were formed when using 

the alternating bi-directional scan with a 67o rotation between adjacent layers. 

 

Figure 5.2 (a) The relative density (error bars show 95% CI) and (b) ImageJ porosity 

analysis of the as-built samples obtained by different scanning strategies. 
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Figure 5.3 The as-polished optical micrographs of as-built samples; (a) 0o, (b) 45o, (c) 

67o, (d) 90o, (e) Q67o, and (f) Q90o in both XZ plane (parallel to the build direction) and 

XY plane (perpendicular to the build direction) are indicated with arrows and dots, 

respectively. 
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5.4.2 Characterization of Cracks 

In the literature, the observed cracks for IN939 fabricated by the PBF-LB were 

categorized as solidification cracks and solid-state cracks, including ductility dip cracking 

(DDC) and/or strain-age cracking (SAC) [16]. Figure 5.4 displays SEM images depicting 

the distribution of cracks observed in the XZ and XY planes of the as-built samples, with 

additional optical micrographs of these cracks provided in Figure 5B1 of Appendix B. 

Among the samples, the 0o sample exhibits the highest degree of cracking. While most 

cracks propagate along the build direction (BD) in the XZ plane (especially near the edge 

of the sample shown in Figure 5.4(a2)), some cracks extend perpendicular to the BD 

(examples in Figure 5.4(a1, a3)). The cracks observed in the XZ plane of the 0o sample are 

notably long elongated through BD, changing between about 5-450 μm in length. 

Consequently, these cracks traverse numerous deposition layers (40 mm layer thickness) 

along the BD.  

The presence of a dendritic structure is characteristic of the solidification crack 

regions, with cracks typically initiating between grains and propagating across the 

resolidified layers. This dendritic structure is evident in Figure 5.4(a1, a5, b2, b3, c1, c3, 

d3, e3 and f2), indicating the presence of solidification cracks [16,102]. Furthermore, some 

researchers suggest that initiation and propagation of cracks perpendicular to the scanning 

direction are more probable due to the stress distribution along the laser path (an example 

in Figure 5.4(a5)) [103,210]. On the other hand, the presence of Al and O in the same 

region, confirming the existence of aluminum oxide (Al2O3), was observed near some 

cracks as shown in Figure 5.4(a3, a6). In addition to the 0o sample (Figure 5.4(a2)), long 

cracks approximately 15-200 μm in length were observed near the edge of the 90o sample 

in the XZ plane, as shown in Figure 5.4(d1). Tang et al. [16] reported similar kinds of 

cracks in IN939 fabricated by the PBF-LB, categorizing them as solid-state cracks. In 

contrast, the 45o and 67o samples exhibit fewer cracks in both the XZ and XY planes 

compared to the 0o and 90o samples. The cracks observed in the 45o and 67o samples are 

notably shorter in length, ranging approximately from 7 to 50 μm (Figure 5.4(b, c)). 

Furthermore, cracks, along with pores and lack of fusion (LOF) defects, were particularly 

observed in and near the overlapping regions of the Q67o and Q90o samples. 

Furthermore, the authors recommend that examination of samples under SEM 

should be conducted after etching to check if the samples are crack-free. It was noted that 
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while some micro-cracks were not visible after polishing, they became apparent after 

etching. This additional step ensures a more comprehensive assessment of crack formation. 

 

Figure 5.4 SEM images of the crack distribution in the XZ and XY planes of the as-built 

samples: (a) 0o, (b) 45o, (c) 67o, (d) 90o, (e) Q67o, and (f) Q90o. (LOF: lack of fusion and 

SD: scanning direction). 
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5.4.3 Surface Roughness  

Figure 5.5 displays the surface roughness profiles with average surface roughness 

(Sa) and the maximum height (Sz) values for the XZ planes of the as-built samples. Among 

the samples, the lowest Sa value (4.61 μm) belongs to the 90o sample, whereas the Q67o 

sample has the highest at 9.95 μm. Furthermore, the alternating bi-directional scan with a 

67° rotation between adjacent layers results in the Sa value of 5.01 μm, whereas the 

alternating chessboard scan with a 67° rotation between adjacent layers yields the highest 

Sa value. Analysis of the surface roughness profile of the Q67° sample (Figure 5.5(e)) 

reveals that the highest surface roughness is concentrated, particularly in the overlapping 

region. Additionally, the interior regions of the island in the Q67° sample exhibit random 

high surface roughness peaks. This is likely attributed to the increased spattering effect 

observed in this sample. Although the Sa value of the 0o sample (4.69 μm) is very similar 

to the 45o sample, there is a difference between Sz values (95.19 μm and 70.78 μm for the 

0o and 45o samples, respectively). 
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Figure 5.5 The surface roughness profiles of the XZ planes of the (a) 0o, (b) 45o, (c) 67o, 

(d) 90o, (e) Q67o, and (f) Q90o samples, along with (g) Sa and Sz values. 

5.4.4 Microstructure and Crystallographic Texture 

The grain structure of the samples can be seen from the optical micrographs (Figure 

5B2 of Appendix B),  the inverse pole figure (IPF) maps with respect to the BD, and image 

quality & grain boundaries (IQ & GBs) maps (Figure 5.6, Figure 5.7, and Figure 5.8). The 

Gaussian energy distribution of the laser beam in the PBF-LB process results in arc-shaped 

melt pools in the XZ planes, which are parallel to the build direction [15]. The arc-shaped 

melt pools, along with a microstructure composed of the columnar elongated grains along 

the build direction were observed in the XZ planes of the 45o, 67o, 90o, Q67o, and Q90o 

samples (Figure 5B2 of Appendix B and Figure 5.6). However, the XZ plane of the 0o 
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samples did not show arc-shaped melt pools, whereas near directionally elongated 

columnar grains, and a few fine irregular grains were observed. On the other hand, the XY 

planes of the 67o, 90o, and Q90o samples (shown in Figure 5.7) exhibited a distinct cross-

like structure (chessboard pattern) attributed to the scanning rotation per layer [225]. 

Among them, the clearest chessboard pattern was observed in the XY plane of the 90o 

sample. Additionally, the Q67o sample displayed a slight chessboard pattern in the XY 

plane, whereas equiaxed grains were visible in the XY plane of the 45o sample. Moreover, 

the laser scan path was visible in the XY plane of the 0o sample, which did not show any 

chessboard pattern due to the absence of scanning rotation per layer. Furthermore, it can 

be said that all XY planes of the samples exhibited the equiaxed grains. In addition to this, 

Figure 5.8 and Figure 5B2 of Appendix B show the overlapping regions of the islands in 

the XY planes of the Q67o and Q90o samples. It can be especially seen from the IPF and 

IQ & GBs maps that the overlapping regions showed a mixture of equiaxed and columnar 

grains which are small and fine compared to the inside of the islands. Moreover, there was 

no significant difference between XRD patterns attributed to γ (gamma) phase of the as-

built samples (Figure 5B3 of Appendix B). 

 



145 

 

Figure 5.6 EBSD maps of the XZ planes of the as-built samples: (a) 0o, (b) 45o, (c) 67o, 

(d) 90o, (e) Q67o and (f) Q90o. 
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Figure 5.7 EBSD maps of the XY planes of the as-built samples: (a) 0o, (b) 45o, (c) 67o, 

(d) 90o, (e) Q67o and (f) Q90o. 
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Figure 5.8 EBSD maps of the overlapping regions of the as-built samples: (a) Q67o and 

(b) Q90o. 

Grain major axis length, grain minor axis length, grain shape aspect ratio and grain 

shape orientation distribution graphs, and their values are exhibited in Figure 5.9 and Table 

5.3, respectively. In the 0o sample, the columnar grains were approximately twice as large 

as those in the other samples. Furthermore, the XZ planes of all the as-built samples 

possessed larger grains than the XY planes (Table 5.3). Additionally, the 45o and 67o 

samples exhibited smaller grains compared to the 90o sample, and the grains of the Q67o 

and Q90o samples were very similar to the 67o and 90o samples in terms of grain major and 

minor axis lengths. The grain major axis length distribution graphs (Figure 5.9(a)) indicate 

a tri-modal distribution for the XZ plane of the 0o sample (peaks at around 100, 30, and 8 

μm) and a bi-modal distribution for the rest of the samples (peaks at around 20 and 8 μm). 

On the other hand, bi-modal distribution was observed in the XY planes of all the samples, 

along with a higher peak at 20 μm and a minor peak at 10 μm for the 0o, 90o, Q67o, and 

Q90o samples. The grain minor axis lengths of the XZ planes are slightly larger than those 

of the XY planes, however, the differences among the samples are very low compared to 

the grain major axis length. The 90o sample exhibited the largest grain minor axis length 

among all as-built samples, with minor axis lengths in the XZ and XY planes being nearly 
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identical. Nevertheless, the largest differences between XZ and XY planes were observed 

in the 45o, Q67o, and Q90o samples. It can be seen from Figure 5.9(b) that the grain minor 

axis length distribution graphs also exhibit bimodality (peaks around 2 and 10 μm). In the 

90o and Q90o samples, the peak at 10 μm was notably higher, whereas in the other samples, 

the peak at 2 μm was more pronounced. 

The grain shape aspect ratio was notably smaller in the XZ plane of the 0o sample 

compared to the other samples, indicating an exceptionally elongated grain structure (see 

Figure 5.6(a) and Figure 5B2 of Appendix B). Additionally, the grain aspect ratios for all 

samples were smaller in the XZ planes compared to the XY planes, primarily due to the 

presence of columnar grains. Also, note that the grain shape aspect ratio distribution graphs 

(Figure 5.9(c)) show a minor peak around 0.8 aspect ratio (indicating an equiaxed grain 

structure); however, since those grains are smaller in size, their area fraction is less 

compared to more elongated grains. Moreover, the 90o and Q90o samples exhibited a 

narrower distribution of around 0.4 aspect ratio in the XZ plane, while the other samples 

displayed wider distributions for aspect ratio.  

The grain shape orientation distributions exhibited variations among samples and 

planes (Figure 5.9(d)). The XZ plane of the 0o sample showed grains whose major axis is 

oriented vertically, which is parallel to the heat flow direction. Conversely, the remaining 

samples of the XZ planes displayed wider distributions, nevertheless having minor peaks 

around 45o, 67o,115o, and 135o. These peaks were also evident at similar angles in the XY 

plane. Here, grains in the samples were oriented such that their grain major axis is 

approximately 45o to the scan direction in the XY plane. For instance, in the XY plane, the 

90o sample displayed a peak around 45o, whereas the 0o sample exhibits a peak at 135o.  
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Figure 5.9 (a) Grain major axis length, (b) grain minor axis length, (c) grain shape aspect 

ratio, and (d) grain shape orientation distribution graphs of the as-built samples.  
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Table 5.3 Grain major axis length, grain minor axis length, grain shape aspect ratio, and 

grain shape orientation values of the as-built samples. 

Sample 
Grain Major Axis 

Length (μm) 

Grain Minor Axis 

Length (μm) 

Grain Shape 

Aspect Ratio 

Grain Shape 

Orientation 

(degrees) 

0o
XZ 36.37 4.23 0.23 91.52 

0o
XY 9.90 3.22 0.34 99.21 

45o
XZ 14.15 4.67 0.35 92.41 

45o
XY 8.42 3.27 0.41 89.85 

67o
XZ 13.09 4.36 0.35 91.15 

67o
XY 8.92 3.56 0.40 97.48 

90o
XZ 15.08 4.70 0.35 85.67 

90o
XY 10.97 4.42 0.40 91.66 

Q67o
XZ 13.15 4.27 0.34 91.47 

Q67o
XY 8.44 2.92 0.37 88.17 

Q90o
XZ 16.95 5.62 0.35 100.90 

Q90o
XY 11.30 4.41 0.40 89.90 

 

The area-weighted average grain size, grain orientation spread (GOS), 

geometrically necessary dislocation (GND) density, and misorientation angle distribution 

graphs are given in Figure 5.10. Also, Table 5.4 shows the area-weighted average grain 

size, GOS, kernel average misorientation (KAM), and GND density values. For all 

samples, the area-weighted average grain size values were larger in the XZ planes, showing 

a similar trend with the grain major axis length. In the XZ planes, the 0o sample exhibited 

the largest area-weighted average grain size of 23.7 µm, attributed to elongated columnar 

grains, while the 67o sample had the smallest size at 14.6 µm. Conversely, in the XY 

planes, the Q90o sample had the largest area-weighted average grain size of 13.9 µm, and 

the Q67o sample had the smallest at 9.7 µm. Moreover, the 0o sample showed the largest 

anisotropy between the XZ and XY planes, with the XZ plane having the largest area-

weighted average grain size (23.7 µm) and the XY plane having a smaller size (10.9 µm). 

In contrast, the 90o sample exhibited relatively consistent area-weighted average grain 

sizes in both the XZ and XY planes compared to other samples. 
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Figure 5.10 (a) Area-weighted average grain size, (b) GOS, (c) GND density and (d) 

misorientation angle distribution graphs of the as-built samples. 
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Table 5.4 Area-weighted average grain size, GOS, KAM, and GND density values of the 

as-built samples. 

Sample 
Average grain size 

(μm) 
GOS (degrees) KAM (degrees) GND (1012 m/m3) 

0o
XZ 23.7 ± 21.3 2.03 ± 0.90 0.86 ± 0.47 34.36 

0o
XY 10.9 ± 6.3 2.14 ± 1.03 1.07 ± 0.60 37.78 

45o
XZ 15.7 ± 12.2 1.86 ± 0.77 0.87 ± 0.47 39.14 

45o
XY 10.2 ± 6.3 1.82 ± 0.83 0.99 ± 0.52 42.59 

67o
XZ 14.6 ± 9.7 1.74 ± 0.71 0.84 ± 0.45 38.50 

67o
XY 11.0 ± 7.0 1.88 ± 0.91 0.97 ± 0.52 40.42 

90o
XZ 16.2 ± 10.1 2.08 ± 0.90 0.93 ± 0.50 39.27 

90o
XY 13.6 ± 7.8 2.23 ± 1.12 1.04 ± 0.59 38.90 

Q67o
XZ 15.5 ± 10.5 1.87 ± 0.79 0.87 ± 0.46 40.57 

Q67o
XY 9.7 ± 6.1 1.63 ± 0.85 0.93 ± 0.49 39.62 

Q90o
XZ 19.1 ± 13.2 2.15 ± 0.91 0.96 ± 0.54 37.81 

Q90o
XY 13.9 ± 8.0 2.01 ± 0.90 0.96 ± 0.52 34.14 

 

KAM is a measure of local misorientations and is closely associated with defect 

density. High KAM values are often attributed to high plastic strain and dislocation density 

within the material. It is calculated for each point in the EBSD map by determining the 

misorientations between a specific point and its surrounding points, followed by averaging 

these misorientations. Notably, misorientations exceeding 5o are excluded from the 

calculation of average misorientation, as they typically represent grain boundaries. The 

KAM maps (shown in Figure 5.6, Figure 5.7 and Figure 5.8) are color-coded using a 

rainbow scale, where blue and red represent the minimum misorientation and maximum 

misorientation (0o-5°). The chessboard pattern was prominently observed in the KAM 

maps of the XY planes for the 67o, 90o, and Q90o samples (Figure 5.7). This pattern 

revealed regions with high lattice rotation and increased dislocation densities, 

corresponding to the centers of the melt pools. These areas indicated the presence of fine 

grains, as evidenced by the IPF, and IQ and GB maps [14,15]. Aota et al. [225] reported 

that the melt pool centerline has fine grains (at the borders of the chessboard pattern) and 

the overlapping regions of the melt pools (center of the chessboard pattern) have coarse 

grains. The XY planes of the samples had slightly higher KAM values than the XZ planes 
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and there were minimal differences among the samples in terms of the KAM values (Table 

5.4). The highest and lowest KAM values are 1.07o (in the XY plane of the 0o sample) and 

0.86o (in the XZ plane of the 0o sample), respectively. Furthermore, in metallic materials, 

dislocation density includes both geometrically necessary dislocations (GNDs) and 

statistically stored dislocations (SSDs), and it is noted that GNDs constitute a significant 

portion of the total dislocations in face-centered cubic (FCC) metals. The rapid cooling 

rate during solidification induces local strain variations, leading to a higher dislocation 

density. GNDs arise from internal plastic strain gradients. Therefore, a high GND density 

is indicative of high plastic strain gradients [14,45]. The GND density values showed 

minimal variation like KAM values among the samples. The highest GND density was 

observed in the XY plane of the 45o sample (42.59×1012 m/m3), while the lowest GND 

density was in the XY plane of the Q90o sample (34.14×1012 m/m3). Additionally, there 

was variation between the XZ and XY planes in terms of KAM and GND values, similar 

to the area-weighted average grain size values, indicating anisotropy between the two 

planes 

GOS is a measure of local misorientation, focusing on grain-based local 

misorientation within the material. It is calculated by first determining the average 

orientation of a grain, followed by calculating the misorientation between this average 

orientation and the orientation of each individual measurement point within the grain. 

Subsequently, the average of these misorientations is calculated and assigned to each point 

within the grain. The rainbow scale is used for labelling the GOS maps like the KAM 

maps, where blue represents the minimum and red represents the maximum values (Figure 

5.6, Figure 5.7 and Figure 5.8). High defect density and deformation lead to an increase in 

GOS values, while recrystallization tends to decrease them [14,15]. The XY plane of the 

90o sample exhibited the highest GOS value at 2.23°, while the XY plane of the Q67o 

sample had the lowest GOS value at 1.63° among all the samples. GOS is also utilized to 

distinguish recrystallized grains from others. It is important to note that the choice of 

threshold GOS value for determining recrystallization fraction in EBSD analysis can vary 

depending on the material and analysis criteria. While there is no universally agreed-upon 

threshold value, a common threshold value used in some studies changes from 1o to 2.5o 

[14,32,225–228]. This threshold is chosen based on the assumption that grains with GOS 

values below this threshold have undergone recrystallization and are considered 

recrystallized grains, while grains with GOS values above this threshold are considered 

deformed grains. In this study, a threshold GOS value of <1.5o was selected to calculate 
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the recrystallization fraction, with GOS values below this threshold indicating 

recrystallized grains. The calculated recrystallization fractions of the samples are exhibited 

in Figure 5.11 for both the XZ and XY planes. The highest recrystallization fraction was 

observed in the XY plane of the Q67o sample at 53.6%, while the lowest was in the XY 

plane of the 90o sample at 28.8%. Interestingly, in the XZ planes, the highest 

recrystallization fraction occurred in the 67o sample at 43.8%, and the lowest was in the 

Q90o sample at 31%. Furthermore, the detailed distribution of grain boundary characters 

of the samples extracted from IQ & GBs maps is presented in Figure 5B4 of Appendix B.  

The misorientation angle distribution graph is displayed in Figure 5.10(d) and the 

pink line represents the Mackenzie distribution for completely random-oriented cubic 

polycrystals. In the distributions of the as-built samples, a prevalence of low-angle grain 

boundaries (<15o) was observed, indicating the presence of more substructure regions and 

higher dislocation density. On the other hand, above 15o, which indicates high angle grain 

boundaries, misorientations approach to the Mackenzie. The 0o and 67o samples had the 

highest and lowest misorientations, respectively below 15o.  

 

Figure 5.11 Recrystallization fractions for both the XZ and XY planes of the as-built 

samples. 

The corresponding {001}, {011}, and {111} pole figures (PFs) and inverse pole 

figures (IPFs) with respect to the build direction taken from the XY planes of the as-built 

samples are displayed in Figure 5.12. Here, the intensity values are given in units of 

multiple random distribution (MRD), where an intensity value of 1 indicates a completely 

random distribution of crystallographic texture. The 0o and 90o samples exhibited a 

dominant cube texture having <100> parallel to scan and built directions. The intensity 

values of the PFs were 9.301 for the 0o sample and 6.930 for the 90o sample, while the 
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intensity values of the IPFs were 3.999 for the 0o sample and 4.514 for the 90o sample. In 

addition to them, the Q67o sample also showed cubic texture (<100> // BD) with relatively 

lower intensity values of 2.250 for PFs and 1.675 for IPFs. Moreover, the 45o, 67o and 

Q90o samples displayed both <001> // BD and <101> // BD textures. Among them, the 

Q90o sample had higher intensity values (6.243 for PFs and 2.238 for IPFs) than the 45o 

and 67o samples. Among all samples, the 0o sample had the most intense texture, whereas 

the 45o, 67o, and Q67o samples had low intensity values which are close to the random 

distribution of crystallographic texture. 

 

Figure 5.12 Pole figures (PFs) and inverse pole figures (IPFs) with respect to the normal 

direction taken from the XY planes of the (a) 0o, (b) 45o, (c) 67o, (d) 90o, (e) Q67o, and 

(f) Q90o samples. 
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5.4.5 Microhardness and Residual Stress  

Figure 5.13 shows the microhardness graphs of the as-built samples. There was a 

minimal variance in microhardness values among the samples. Within the XZ planes, the 

0o sample displayed the highest microhardness value (356±7 HV), whereas the Q90o 

sample exhibited the lowest (321±14 HV). Conversely, the microhardness values in the 

XY planes were largely uniform across the samples. Notably, the microhardness graphs 

also highlighted anisotropy between the XZ and XY planes. 

 

Figure 5.13 Microhardness graphs for both the XZ and XY planes of the as-built 

samples. 

XRD residual stress measurements were conducted to determine the principal 

residual stresses (σmax and σmin) and the angle Φ (σmax) (°) values, which are given in Figure 

5.14, according to the scanning strategy. The angle made by the X-axis and the maximum 

principal stress (σmax) is denoted by Φ (phi) and Φ (σmax) is the orientation of the maximum 

principal stress with respect to global axes. Among the XZ planes of the samples, the Q90o 

sample exhibited the highest σmax residual stress (961.1 MPa), while the 67o sample showed 

the lowest (542.6 MPa). Additionally, the XZ plane of the Q67o sample displayed the 

lowest σmin residual stress (129.3 MPa), whereas the Q90o sample demonstrated the highest 

(270 MPa). On the other hand, σmax residual stress values of the XY planes of the as-built 

samples were close to each other. Among them, the Q67o sample had the lowest (408.4 

MPa), whereas the 0o sample had the highest (581.6 MPa). Furthermore, the XY plane of 

the 67o sample possessed the lowest σmin residual stress value (155.5 MPa), while the Q90o 

sample had the highest (493.9 MPa). 
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Figure 5.14 The principal residual stresses (σmax and σmin) and Φ (σmax) (°) graphs for 

both the XZ and XY planes of the as-built samples, along with a schematic representation 

of the Φ (°) corresponding to the observed planes. 

5.5 Discussion 

5.5.1 Density and Defect Analysis 

Optimizing PBF-LB process parameters is significant for achieving desired 

outcomes, such as minimizing defects and reducing surface roughness. The scanning 

strategy plays an important role in tailoring material properties among these parameters, 

as evidenced by the current study [28,133]. The rotation between the adjacent layers 

increased the relative density of the samples, while reducing the pores/mm2. This can be 

explained that layer-by-layer rotation promotes material fusion and fills voids between 

tracks, thus enhancing part density [31]. The lowest relative density observed in the 



158 

chessboard scanning strategy, coupled with the presence of porosity and crack formation 

in the overlapping regions of small islands, can be attributed to the rapid opening, and 

closing of the laser. This rapid action introduces instability in laser energy input, 

potentially causing defects like pores and unmelted spatter powder at the boundaries of 

small islands [31]. Additionally, optimizing the overlapping gap, which was 0 mm in this 

study, between the islands for the chessboard scanning strategy can mitigate defects in the 

overlapping regions. Moreover, Lu et al. [158] reported that the island size significantly 

influences the formation of pores in IN718 fabricated by the PBF-LB. Smaller islands tend 

to result in the presence of unmelted and spatter powders in overlapping regions, leading 

to reduced density and increased porosity. According to their findings, as island size 

increased from 2x2 mm2 to 7x7 mm2, pore quantity, and size decreased notably with larger 

island sizes, indicating that denser parts can be achieved through the utilization of larger 

island scanning strategies [28,229]. In our study, using an island size of 2.5x2.5 mm2 may 

have contributed to the observed low relative density, high porosity, and increased surface 

roughness. This is likely due to the greater presence of spattered powders associated with 

the smaller island size.   

Superalloys rich in Al and Ti, such as IN939, are utilized to generate the L12-

ordered γ' phase (Ni3(Al, Ti)). However, these alloys are susceptible to cracking, 

presenting a significant challenge in the PBF-LB process for high γ' phase Ni-base 

superalloys [99]. The microcracking observed in IN939 produced by the PBF-LB process 

was reported in two primary types: solidification and solid-state cracks [16]. Solidification 

cracks, also known as "hot tears", occur within the solidifying melt pool or mushy zone, 

where the material is in a semisolid state. The development of dendrite structures during 

solidification restricts the flow of residual liquid in the interdendritic regions, 

concentrating solidifying stress and potentially causing the tearing of liquid films and the 

formation of cracks. Furthermore, solid-state cracks can include various types, such as 

strain-age cracks, ductility-dip cracks (DDC), and cold cracks. These cracks can traverse 

both grains and grain boundaries, typically following a straight or slightly curved path 

within the grain structure, while also delineating and separating grains along their 

boundaries [99,102]. On the other hand, it has been reported that the presence of oxide can 

also contribute to crack formation through various mechanisms, such as stress 

concentration near the oxide, increased brittleness of boundaries, and constitutional 

liquation at the oxide-matrix interface [103,210]. In the current study, dendritic structures 

indicative of solidification cracks were observed within the cracks. Long and straight 
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cracks, typically associated with solid-state cracks, were also noted. Additionally, Al2O3 

was detected in some of the cracks, suggesting the presence of oxide-induced cracks. 

Mukherjee et al. [177] highlighted the significance of grain structure in determining 

susceptibility to cracking. Specifically, the presence of long columnar grains can lead to 

their separation under high tensile stress during solidification, thereby contributing to the 

occurrence of solidification cracking. In our study, the XZ plane of the 0o sample, 

characterized by large columnar grains, exhibited the highest degree of cracking, aligning 

with this explanation. Moreover, fewer cracks were observed in the 45o and 67o samples 

compared to the 0o sample aligns with the study of Xu et al. [32] which highlights the 

critical role of scanning rotation angle in crack formation during the PBF-LB process. A 

0o rotation accumulates strain in the same direction across layers, leading to high residual 

stresses and uneven temperature distribution, which promotes crack formation. In contrast, 

a 67o rotation angle distributes thermal stresses more evenly and reduces strain 

accumulation, resulting in fewer cracks. Similarly, a 45o rotation also improves stress 

distribution compared to 0o, but not as effectively as 67o as can be seen from the residual 

stress results in this study. While a 90o rotation can enhance long-term temperature 

uniformity, it may induce localized stresses due to abrupt changes in scanning direction, 

potentially increasing crack formation. The long and straight cracks observed near the edge 

of the 90o sample could be likely the result of these localized stresses. Overall, the 45o and 

67o rotations offer better control over thermal gradients and stress distribution, minimizing 

the possibility of cracks. 

5.5.2 Microstructural and Crystallographic Texture Evolution 

In the PBF-LB process, rapid cooling and non-equilibrium solidification influence the 

solidification microstructure, which is governed by parameters such as solidification rate 

(R), undercooling (ΔT), and temperature gradient (G). The size and morphology of the 

solidification microstructure (planar, cellular, equiaxed dendritic, or columnar dendritic) 

are determined by GxR and G/R, respectively [14,45,177,230]. Lower cooling rates result 

in coarser microstructures due to the lower product of the temperature gradient and 

solidification rate (G×R), whereas higher cooling rates lead to finer microstructures. An 

extremely high G/R ratio results in planar solidification, while a moderate G/R ratio forms 

cellular structures, and a low G/R ratio generates columnar or equiaxed dendritic 

structures. In the PBF-LB process, typically high cooling rates lead to high G/R values, 

which favour cellular structures. Additionally, columnar dendritic structures can also 
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occur. In this study, both columnar dendritic and cellular microstructures were observed 

(Figure 5.4). Cellular structures, with a honeycomb-like morphology, appear as parallel 

boundaries along the building direction and as circular features on the transverse section, 

resulting in varied appearances in different cross-sections. This characteristic is widely 

observed in additively manufactured metals and alloys [222]. 

The findings of the current study revealed that altering the scanning strategy in the 

PBF-LB process has a substantial impact on the grain structure and texture of IN939. In 

the 0o sample, where the melt pools from successive layers are nearly aligned, a consistent 

temperature gradient is maintained between layers. This alignment results in a significant 

overlap of melt pools, effectively remelting portions of the previous layer and eliminating 

nucleation barriers. Consequently, the predominant heat flow direction aligns with the 

build direction, promoting epitaxial growth of columnar grains that extend along the build 

direction [31]. In the PBF-LB process, a laser forms a melt pool in the powder bed, melting 

new powder and partially remelting the previously solidified layer. This overlap creates a 

re-melting zone, influencing both the new and existing materials. Nucleation barriers, such 

as those from thermal gradients or existing grain structures, can impede the formation of 

new grains. However, high temperatures during remelting can dissolve these barriers, 

facilitating a more uniform material composition. This process enhances grain formation, 

leading to a more consistent microstructure with diverse grain orientations and sizes 

compared to areas where barriers persist. High nucleation barriers typically result in fewer, 

larger grains growing in a single orientation, creating an anisotropic microstructure. In 

contrast, low nucleation barriers allow for easier grain formation, promoting finer, more 

homogeneous, and isotropic microstructures. Moreover, the 45o and 67o samples have 

angled thermal gradients and varied melt pool orientations. This results in less uniform 

melt pool overlap and reduced removal of nucleation barriers, leading to more complex 

thermal conditions. These conditions can disrupt columnar grain growth, resulting in finer 

grains and reduced anisotropy. Research conducted by Liu et al. [31] and Song et al. [231] 

indicates that rotating the scanning direction by 15o and 47o between layers can disturb 

columnar growth, hindering the epitaxial development of elongated grains and leading to 

more refined microstructures. Furthermore, the heat flow direction becomes perpendicular 

to the build direction in the 90o sample. This strategy enhances the uniformity of melt pool 

overlap and supports a competitive grain growth mechanism, thus promoting predominant 

epitaxial growth and potentially improving overall microstructural uniformity [31]. On the 

other hand, the chessboard scanning strategy promotes a uniform microstructure by 



161 

preventing excessive heat buildup and ensuring consistent cooling rates, which refine 

grains in overlapping regions. This strategy disrupts the preferential growth of columnar 

grains, leading to finer grains. Steep temperature gradients in overlapping regions, caused 

by intersecting laser paths and varying thermal histories, significantly influence nucleation 

and growth dynamics, resulting in diverse grain orientations and sizes. The fine grains in 

the Q67o and Q90o samples' overlapping regions are due to complex heat flow and faster 

cooling rates from intersecting laser points. The intermittent laser movement at island 

edges further accelerates cooling in these areas compared to island interiors. 

In the PBF-LB process, recrystallization occurs due to thermal cycling during 

fabrication. High temperatures during melting and solidification cycles facilitate the 

creation of strain-free grains, replacing deformed ones [45,225–227,232]. Dynamic 

recrystallization (DRX), a subset of recrystallization, occurs in hot deformation processes 

like hot rolling or forging. It typically occurs above the recrystallization temperature of the 

materials, inducing the formation of new grains [233]. Recent research has shown that 

DRX can occur not only in traditional hot deformation processes but also in the PBF-LB 

process [32,234,235]. The expansion and contraction during the uniform rapid heating and 

cooling leads to a severe local plastic deformation that combined with the high cyclic 

temperatures and thermal stress in the PBF-LB process can be considered as a thermo-

mechanical process. This process promotes the creation of new grains with lower 

dislocation densities, often resulting in a finer grain structure. Among the samples 

analyzed, the XZ plane of the 67o sample and the XY plane of the Q67o sample had the 

highest recrystallization fractions and the smallest area-weighted average grain sizes. 

These high recrystallization fractions indicate that the thermal cycles during these specific 

scanning strategies effectively dissolve existing nucleation barriers and facilitate the 

formation of new grains. This enhanced recrystallization leads to improved material 

homogeneity, potentially resulting in more consistent mechanical properties across the 

material. 

The texture is determined by the combined effects of maximum heat flow directions 

and the alignment of easy grain growth directions at melt pool boundaries. In cubic crystal 

structures, the preferred grain growth direction is <100>. This preference is due to the 

faster atomic movement along less densely-packed planes, which are more prevalent in 

this direction. These planes facilitate quicker and easier grain growth, making the <100> 

direction energetically favourable for grain development. By locally altering the heat flow 

direction and the balance between G and R through adjustments in the PBF-LB process 
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parameters like scanning strategy and energy density, the texture and microstructure can 

be modified [45,124,177]. Among the samples, the 0o and 90o samples exhibited a strong 

cube texture. In the 0° sample, the <001> crystallographic direction aligns with laser 

trajectories in each layer. This uniform thermal flux across layers promotes epitaxial 

growth, favouring the <001> crystal orientation due to reduced thermal gradients that 

encourage grain alignment along the easy growth direction. Moreover, in the 90° sample, 

achieving epitaxial growth of the <100> texture requires grains to orient themselves at 15o 

to the maximum local heat flow direction. Perfect alignment with the heat flow direction 

results in a fiber texture, while misalignment leads to a cube texture. Additionally, an 

alternating bi-directional scanning strategy with 90° rotation between layers was found to 

strengthen the <001> textures [30,230]. On the other hand, an alternating bi-directional 

scanning strategy with 45o and 67o rotations was found weaken the texture by producing 

finer microstructural features, as reported in previous studies [163,177,236,237]. This 

weakening is attributed to the reduction in the coincidence of laser scanning vectors 

between adjacent layers and minimized heat accumulation. The frequent changes in 

scanning direction and angle reduce thermal gradients, leading to more uniform 

temperature distribution across the build. Consequently, more nuclei participate in 

competitive growth, resulting in grain refinement and a more random grain orientation, 

which diminishes the strength of any preferred texture. Therefore, it can be said that the 

scanning strategy has a direct effect on the microstructure, recrystallization fraction, and 

grain size tailoring. 

5.5.3 Residual Stress Evolution 

Residual stress remains within the bulk of a material even in the absence of external 

loads. It typically arises from the accumulation of material hardening due to various factors 

such as phase transformations and temperature gradients during solidification and 

crystalline state changes. It is a common outcome of thermomechanical manufacturing 

processes, including AM, where layer-by-layer fabrication induces thermal expansion and 

contraction, leading to substantial residual stress levels in the final components 

[103,168,238]. In the PBF-LB process, when a new layer is added and heated above the 

temperature of the underlying part, it initially expands uniformly but is restricted by the 

cooler underlying material. This results in compressive stresses in the new layer and tensile 

stresses in the underlying part. During cooling, the new layer contracts faster than the 

underlying part, resulting in tensile stresses in the new layer and compressive stresses in 

the underlying part. This heterogeneous solidification process creates residual stresses with 
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the sign of the residual stress typically opposite to the sign of the plastic strain during 

solidification due to the material strain accommodation between the regions. These stresses 

are primarily tensile in the new layer and compressive in the underlying material [238]. 

When stress levels surpass the yield strength of a Ni-base superalloy material, the material 

tends to release this stress through plastic deformation, leading to distortion of the 

component's shape or severe cracking, potentially resulting in component failure. Residual 

stress is identified as the primary factor driving crack initiation. Predictions regarding the 

likelihood of cracking or distortion during the PBF-LB process must consider the size and 

shape of the components, as these characteristics are closely linked to residual stress levels 

[103]. Among the PBF-LB process parameters, the scanning strategy is one of the most 

important process parameters to control residual stress [28,103,163,168,212,223,229,238].  

In our study, Figure 5.14 presents the principal residual stress graphs of the 

samples, showing a notable difference between the XZ and XY planes, highlighting 

anisotropy between these planes. This aligns with findings by Bartlett and Li [238], who 

reported that anisotropy in in-plane stresses is significant in additive manufacturing due to 

the non-uniform melting of layers by discrete beam tracks. Longitudinal stresses along the 

beam motion direction are generally much higher than transverse stresses because of the 

non-uniform temperature distribution and contraction during solidification and cooling. 

Experimental data indicate that longitudinal stresses can be 1.5–2.5 times greater than 

transverse stresses. This anisotropy is present within each beam track and combines to 

produce an anisotropic total stress field in each layer. Furthermore, the observed 

differences in residual stress values among the samples are attributed to the distinct thermal 

histories and cooling rates associated with each scanning strategy in the PBF-LB process.  

The alternating bi-directional scanning strategies, including the 0o and 90o rotation 

between layers, create linear and consistent heat input paths that generate higher thermal 

gradients and uneven cooling, resulting in elevated residual stresses. Specifically, the 0o 

sample exhibited the highest residual stress in both the XZ and XY planes, consistent with 

previous findings by Zhang et al. [239] and Robinson et al. [240] and was associated with 

crack formation. Also, the cracks observed in the XZ plane of the 90o sample (Fig. 4(d)) 

can be attributed to the high σmax residual stress present in those areas. In contrast, the 45o 

and 67o samples, which introduce angled thermal gradients, lead to more even heat 

distribution and smoother temperature gradients, thereby reducing the magnitude of 

residual stresses compared to the linear scanning methods. The 67o sample exhibited the 

lowest σmax residual stress in the XZ planes of the samples due to uniform thermal 
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conditions during laser scanning, consistent with Xu et al. [32]. This uniformity helps to 

distribute the heat more evenly across the build area, reducing the magnitude of thermal 

gradients and resulting in lower residual stresses. Additionally, the high recrystallization 

fraction in the XZ plane of the 67o sample may further contribute to the reduction of 

residual stress.  

The island/chessboard scanning strategy, with small island sizes and short scan 

vectors, helps to reduce temperature gradients and residual stress in additively 

manufactured parts. Combined with rotated scan strategies, this method effectively 

mitigates residual stress formation by facilitating better heat dissipation and more uniform 

cooling. [28,168]. Among these, the Q67o sample displayed the lowest maximum residual 

stress in the XZ plane, due to more uniform thermal conditions and a higher 

recrystallization fraction. However, the Q90o sample showed unexpectedly high residual 

stress in the XZ plane. The reason for this can be explained as follows. The measured area 

for residual stress analysis is crucial for accuracy. The results may be affected if the focus 

is on overlapping regions rather than inside the islands. This is particularly relevant for 

intricate scanning patterns like the chessboard strategy. Also, it is important to consider 

that the collimator diameter directly influences XRD residual stress measurements, 

particularly for the chessboard scanning strategy. About eight small islands of the 

chessboard scanning strategy should be within the measured area to accurately observe the 

residual stress. However, in this study, a 2 mm collimator diameter was used, which does 

not allow for fitting eight different islands in the measured area. As a result, the measured 

residual stress in the chessboard scanning strategy can be affected by this limitation.  

5.6 Conclusions 

 This study comprehensively examined the effects of various scanning strategies, 

including alternating bi-directional scanning with rotation angles of 0o, 45o, 67o, and 90o 

between adjacent layers, and alternating chessboard scanning with rotation angles of 67o 

and 90o between adjacent layers. The investigation focused on the relative density, 

formation of pores and cracks, surface roughness, microstructure, crystallographic texture, 

microhardness, and residual stress of IN939 fabricated by the PBF-LB process. Aiming to 

address the research gap, this study explores how different scanning strategies impact the 

material properties of IN939 fabricated by the PBF-LB. The main findings from the 

observed results are summarized as follows: 
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1) The 45o and 67o samples had the highest relative density at 99.3%, while Q90o had 

the lowest at 99.05%. The 0o and Q67o samples showed the highest porosity at 

0.27% and the largest pore sizes. Defect formation was highest in the XZ plane of 

the 0o sample with bi-directional scanning and the Q67o sample with chessboard 

scanning. The alternating bi-directional scanning strategy with 67o rotation is 

optimal for achieving high relative density and small pore size. 

2) Solidification, solid-state, and oxide-induced (Al2O3) cracks were observed in the 

as-built samples. The 0° sample had the most severe cracking, with cracks 

predominantly propagating along the BD in the XZ plane, especially near the edge, 

and some extending perpendicular to the BD. The 90° sample also showed long 

cracks in the XZ plane, particularly at the edge. In contrast, the 45° and 67° samples 

had fewer cracks. 

3) The chessboard scanning strategy resulted in higher Sa and Sz values compared to 

the alternating bi-directional strategy, attributed to overlapping regions and 

increased spattering from small islands, regardless of rotation angles. 

Microhardness values across samples were similar, ranging from 321 ± 14 HV to 

356 ± 7 HV. 

4) The XZ planes of the 45o, 67o, 90o, Q67o, and Q90o samples featured arc-shaped 

melt pools and columnar grains, while the 0° samples had directionally elongated 

grains and fine irregular grains. Distinct chessboard patterns appeared in the XY 

planes of the 67o, 90o, and Q90o samples, with the 90o sample being the most 

pronounced, whereas equiaxed grains were visible in the XY plane of the 45o 

sample. The 0o sample had the largest area-weighted average grain size in the XZ 

plane but smaller grains in the XY plane compared to the other samples, showing 

notable anisotropy between the planes. 

5) The 0o and 90o samples exhibited a strong cube texture, with PF intensity values of 

9.301 and 6.930, and IPF intensity values of 3.999 and 4.514, respectively. 

Additionally, the 45o, 67o, and Q90o samples showed both <001> // BD and <101> 

// BD textures, with the Q90o sample having the highest intensity values (6.243 for 

PFs and 2.238 for IPFs). Overall, the 0o sample showed the most intense texture 

due to the alignment of the scan, heat flow, and growth directions, while the texture 

intensity weakened for the 45o and 67o samples.  

6) Alternating bi-directional scanning strategies with 0o and 90o rotation angles 

created significant thermal gradients and uneven cooling, leading to high residual 
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stresses. The 0o sample exhibited the highest σmax residual stress in both the XZ 

(738.3 MPa) and XY (581.6 MPa) planes. In contrast, 45o and 67o rotation angles 

provided more uniform heat distribution and lower residual stresses. Among the 

alternating bi-directional scanning strategies, the 67o sample achieved the lowest 

σmax residual stress in both the XZ (542.6 MPa) and XY (443.9 MPa) planes due to 

better thermal uniformity and enhanced recrystallization. Although the 

island/chessboard strategy reduced temperature gradients, struggled with accuracy 

because of limitations with collimator diameter and overlapping regions. Overall, 

the XY plane of the Q67o sample achieved the lowest σmax residual stress (408.4 

MPa). 

5.7 Contribution to Thesis Objectives 

Scanning strategy is one of the significant PBF-LB process parameters for 

controlling defects such as pores and microcracks, as well as influencing microstructure 

and residual stress. After a thorough review of the existing literature, it was found that 

there was no systematic study regarding the scanning strategy effects on IN939. This 

chapter significantly addressed this gap by understanding the effects of scanning strategy 

on IN939 fabricated by the PBF-LB. Through a systematic examination of various 

scanning strategies, including bi-directional and chessboard patterns with different rotation 

angles, the study investigated their impact on relative density, defect formation, surface 

roughness, microstructure, crystallographic texture, microhardness, and residual stress of 

IN939. Key findings revealed that samples scanned at 45° and 67° exhibited the highest 

relative density, while those scanned at 0° and Q67° displayed the highest average porosity. 

Moreover, the 0° sample showed the most extensive cracking, while the 45° and 67° 

samples had fewer cracks, indicating the influence of scanning strategy on defect 

formation. Surface roughness was found to be influenced by scanning patterns, with 

chessboard scanning resulting in rougher surfaces, while microhardness values varied 

minimally among samples. Microstructural analysis revealed differences in grain size, 

morphology, and texture intensity among samples, providing insights into solidification 

behaviour and texture development. Additionally, significant variations in residual stress 

were noted among samples, with the 0° sample exhibiting the highest stress due to thermal 

gradients along the build direction. Overall, this research addressed critical gaps by 

comprehensively exploring the effects of laser scanning strategy on IN939 material 

properties, offering valuable guidance for optimizing scanning parameters in PBF-LB 

processes to improve component quality and performance. 
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5.8 Appendix B.  

 

 

Figure 5B1 Optical micrographs of the crack distribution in the XY and XZ planes of the 

as-built samples: (a) 0o, (b) 45o, (c) 67o, (d) 90o, (e) Q67o, and (f) Q90o. 
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Figure 5B2 Optical micrographs of the as-built samples: (a) 0o, (b) 45o, (c) 67o, (d) 90o, 

(e) Q67o, and (f) Q90o. 
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Figure 5B3 XRD pattern of the as-built samples. 

 

Figure 5B4 Grain boundary character distributions for both the XZ and XY planes of the 

as-built samples. 

Here, low-angle grain boundaries (LAGBs) refer to the misorientation angle 

between 2o and 5o, medium angle grain boundaries (MAGBs) refer to the misorientation 

angle between 5o and 15o, and high-angle grain boundaries (HAGBs) correspond to grain 

boundaries with a misorientation angle higher than 15o. According to the literature, 

HAGBs, which act as repulsive boundaries, are more susceptible to cracking due to their 

high misorientation and associated energy. They are more readily wetted by liquid films at 

lower temperatures compared to LAGBs. This results in a wider temperature range for 

liquid film presence when the misorientation angle is higher [32,99,102].  
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6.1 Abstract 

The effect of various solution heat treatment temperatures (i.e., 1120, 1160, 1200 and 1240 

°C) on the microstructure, grain morphology and crystallographic texture of IN939 

fabricated by powder bed fusion-laser beam (PBF-LB) was investigated. Microstructural 

analyses showed that the high-temperature gradient and rapid solidification of the PBF-LB 

processing caused different resulting microstructures compared to conventionally 

produced counterparts. The melt pool morphologies and laser scanning paths were 

examined in the as-fabricated samples in the XZ- and XY-planes, respectively. After the 

application of solution heat treatment at 1120 °C, the as-fabricated PBF-LB initial 

microstructure was still apparent. For solution heat treatments of 1200 °C and above, the 

melt pool and scanning path morphologies disappeared and converted into a mixture of 

columnar grains in the XZ-plane and equiaxed grains in the XY-plane. On the other hand, 

large equiaxed grains were observed when the samples were solutionized at 1240 °C for 

both observation directions, showing with this heat treatment a transition from 

microstructure anisotropy to isotropy. Additionally, spherical-like nano-sized γ' phase 

precipitated within the matrix after all solution heat treatment conditions, which led to 

increase in the microhardness values. According to electron backscatter diffraction 

(EBSD) analyses, both as-fabricated and solution heat-treated samples had intense texture 

with {001} plane normal parallel to the building direction. The first recrystallized grains 

began to appear when the samples were subjected to the solution heat treatment at 1160 °C 

and the fraction of the recrystallized grains increased with increasing temperature, as 

supported by kernel average misorientation (KAM) and grain spread orientation (GOS) 

analyses. Moreover, it was found that the fraction of low angle grain boundaries (LAGBs), 

the geometrically necessary dislocation (GND) density and the average grain size 

decreased with increasing solution heat treatment temperature.  

6.2 Introduction 

The production of aerospace components, which are mainly made from nickel-

based superalloys, is often challenged by conventional manufacturing methods due to their 

intricate geometries, e.g., cooling channels in the turbine blade. Some undesired 

microstructural features including macro-segregation of alloying elements and 

uncontrolled grain growth may develop in the cast material due to the slow cooling rate 

[11,63]. In recent years, an alternative method called powder bed fusion-laser beam (PBF-

LB), which is one of the well-known metal additive manufacturing (AM) techniques, has 
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received significant attention in various industries to produce components. The PBF-LB 

method utilizes a focused laser beam to melt the powders layer-by-layer based on a 3D 

computer-aided-design (CAD) model data [241]. This method provides an improvement 

in product quality by enabling the production of functional metallic components with 

complex geometries in a single step that eliminates assembly operations [242]. In contrast 

to the conventional manufacturing methods, it offers a wide range of advantages in terms 

of design freedom, net-near-shaping capability, increasing component life-time as well as 

reduction of material waste and tooling cost [211,243]. However, the high-temperature 

gradient and rapid solidification rate of the PBF-LB method may cause some process-

induced defects in the microstructure of produced components. These defects can be 

described as the formation of topologically close-packed (TCP) phases, directional grain 

growth, segregation of elements, high residual stresses, formation of porosities and lack of 

fusion (LOF) and micro-cracks [244,245]. These micro-cracks can be divided into 

liquation/solidification cracks due to the formation of low melting phases on the grain 

boundaries and strain-age cracks due to residual stress from the gamma-prime phase 

development [4]. The effect of process parameters and post-processing heat treatments on 

the mechanical performance of nickel-based superalloys such as IN718 fabricated by the 

PBF-LB has recently been investigated [246]. However, its applications are limited to 

operating temperatures up to ~ 650 °C because of the coarsening of the grains [11]  and 

the transformation of the strengthening γ" (Ni3Nb) phase into the stable and brittle δ phase 

at higher temperatures, as reported in detail in our previous study [46]. On the other hand, 

Inconel 939 (IN939) is a promising candidate used for producing gas turbine engine 

components that require prolonged working periods at operating temperatures up to ~ 850 

°C [11]. Nevertheless, there are only a few studies in the literature on the microstructure 

and mechanical properties of IN939 fabricated by additive manufacturing methods. IN939 

is a precipitation-hardenable nickel-based superalloy, which is strengthened mainly by the 

formation of L12-ordered γ′ (Ni3(Al,Ti)) precipitates in the γ matrix [11,247]. Nowadays, 

gas turbine blades/vanes, fuel nozzles, casing and other structural components are 

produced using the cast form of this alloy due to its remarkable properties such as good 

creep resistance and high-temperature strength combined with excellent oxidation and 

corrosion resistance [63,81,178]. Kanagarajah et al. [178] investigated the effect of the 

standard heat treatment (solutionizing at 1160 °C for 4 h followed by aging at 850 °C for 

16 h) on the microstructure and mechanical behaviour of the IN939 produced by the PBF-

LB. They reported that the as-produced samples showed higher tensile properties than the 
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cast material owing to its finer microstructure. However, the results obtained from high-

temperature mechanical tests revealed that the samples exhibited lower tensile properties 

than the cast ones, suggesting that solution heat treatment should be adapted for materials 

produced by PBF-LB. Another study conducted by Philpott et al. [74] mainly focused on 

the effect of various heat treatments on the microstructure of the IN939 produced by PBF-

LB, particularly the precipitation of the strengthening γ' phase and carbides. 

It should be noted that the microstructure and the resulting properties of the materials 

produced by the PBF-LB method are quite different from their conventional counterparts. 

Therefore, the standard heat treatment applied to conventionally produced IN939 may not 

sufficiently improve the properties of materials produced with the PBF-LB. The typical 

heat treatment procedure for IN939 includes solution heat treatment followed by aging. 

Solution heat treatment is usually carried out above the γ' solvus temperature to obtain a 

homogeneous distribution of alloying elements throughout the solid solution. In addition, 

the dissolution of TCP phases is another issue that is significant for the aging step, which 

is effective in improving the mechanical properties [247]. The above-mentioned findings 

from the literature reveal that a detailed study of the microstructure, grain morphology and 

crystallographic texture on the as-fabricated and solution heat-treated parts is still missing. 

Furthermore, there are limited studies on the recrystallization phenomena and grain growth 

kinetics of the IN939 produced by the PBF-LB method. This study aims at closing this gap 

by studying the influence of solution heat treatment carried out at four different 

temperatures (1120, 1160, 1200 and 1240 °C) on the microstructure, recrystallization and 

texture of IN939 samples fabricated by the PBF-LB. 

6.3 Materials and Methods 

6.3.1 Starting Material 

Gas-atomized IN939 powder (Truform 939-N65, Praxair Surface Technologies) was 

used as a starting material for the fabrication of the samples by the PBF-LB method. The 

chemical composition of the powder (as given in Table 6.1) delivered by the material 

supplier was also verified by the energy dispersive spectroscopy (EDS) analysis, using 

scanning electron microscope (SEM) (ZEISS Merlin® FE-SEM, Germany).  
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Table 6.1 Elemental composition of the starting gas-atomized IN939 powder. 

Elements (wt.%) 

Al Co  Cr Nb Ta Ti 

1.9 18.9 22.8 1.0 1.4 3.8 

W B C O N Ni 

2.0 0.004 0.16 0.014 0.009 Bal. 

As shown in Figure 6.1(a, b), the powder is mostly spherical, containing a few 

satellite particles which may form due to the rapid solidification associated with the gas 

atomization process or the recycling of the PBF-LB precursor powder [248]. A Malvern 

Mastersizer 3000 with an Aero S dispersion unit was used to measure the particle size 

distribution which was in the range of 17.6 (D10) to 52.4 (D90) µm with an average particle 

size of 30.2 µm (D50). The cross-section of the powder particle (Figure 6.1(c)) revealed 

that the powder exhibited a dendritic microstructure including some small pores around 1-

2 µm, especially near the surface of the particles. Additionally, the average grain size of 

the random-texturized particles was measured as 1.6 ± 0.4 µm, as can be seen in the inverse 

pole figure (IPF) map (Figure 6.1(d)). It should be noted that the morphology and average 

particle size of the powder are important parameters to enable good powder fluidity and 

packing within the PBF-LB process, in order to obtain fully dense components and related 

good mechanical properties. 

 

Figure 6.1 Gas-atomized IN939 powder utilized for the PBF-LB processing: (a, b) SEM 

images, (c) SEM-BSE image of a cross-section of a particle showing a dendritic 

microstructure and (d) the IPF map of the cross-section of a particle. 
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6.3.2 Fabrication of IN939 with the PBF-LB Method 

IN939 cubic samples (10×10×10 mm3), as shown in Figure 6.2, were fabricated under 

a protective argon atmosphere using Aconity MINI (GmbH) metal 3D printer equipped 

with a 200 W fiber laser manufactured by IPG Photonics with a wavelength of 1068 nm. 

Process parameters used for the fabrication of the samples are given in Table 6.2. During 

the processing, a supply factor of 3 was used to provide enough powder to build area for 

each layer. In addition, the volumetric energy density, VED (J/mm3) was calculated as 

104.2 J/mm3 by taking the laser power, P (W), laser speed, ʋ (mm/s), layer thickness, t 

(mm) and hatch spacing, h (mm) into account using the following equation. 

𝑉𝐸𝐷 =
𝑃

ʋ.𝑡.ℎ 
                (6.1) 

Table 6.2 PBF-LB process parameters utilized in the present study. 

Laser power Laser scan speed Layer thickness Hatch spacing Hatch rotation 

200 W 800 mm/s 0.04 mm 0.06 mm 67  ̊

 

 

Figure 6.2 Picture of the PBF-LB built samples and schematics of the observation 

directions used for microstructural examinations (BD: build direction). 

6.3.3 Solution Heat Treatment Procedure 

To investigate the effect of the underlying microstructure on the crystallographic 

texture, some of the as-fabricated samples were subjected to solution heat treatment at 

1120, 1160, 1200 and 1240 °C for 4h, followed by air-cooling to room temperature. Those 

samples are named as “SHT” followed by the solutionizing temperature, e.g., SHT1120.   



176 

6.3.4 Microstructural Characterization 

Microstructural observations of the samples were carried out using both an optical 

microscope (Nikon Eclipse LV150) and SEM operated at 20 kV accelerating voltage. For 

the metallographic examination, IN939 cubic samples were sectioned by a precision 

abrasive cutter (Buehler IsoMet 5000) to investigate both observation directions, i.e., 

parallel to the building direction and perpendicular to the building direction, attributed to 

XZ-plane and XY-plane, respectively. Before the analyses, the surfaces of the samples 

were prepared using standard metallographic methods (i.e., ground with SiC emery papers 

up to 2500 grit size and polished with progressively finer diamond suspensions (first 6 μm 

and then 1 μm)), then cleaned with deionized water and ethanol, and subsequently etched 

using Glyceregia reagent (15 ml HCl, 10 ml glycerol and 5 ml HNO3) for 50 to 60 seconds. 

In addition, at least five EDS analyses were performed to obtain the average atomic and/or 

weight percentages of the elements for accurately compositional analyses.  

Electron back-scatter diffraction (EBSD) technique was carried out to examine the 

microstructural details including grain structure, misorientation and crystallographic 

texture of both as-fabricated and solution heat-treated samples. Unlike the previous 

preparation methods, samples were polished with a colloidal silica suspension using the 

oxide polishing suspension (OP-S) (Struers Inc., Denmark) after grinding and polishing 

steps. For analyses, a Zeiss Merlin field emission gun (FEG) scanning electron microscope 

(SEM) equipped with EDAX/TSL EBSD system and a Hikari EBSD camera were utilized 

with an accelerating voltage of 15 kV, beam current of 6.0 nA and a working distance of 

14 mm; the mapping areas of 500 x 500 μm were indexed on a hexagonal grid with a step 

size of 1 μm. Raw EBSD data was processed using TSL-OIM Analysis v7.3.1 software. 

Additionally, texture analyses were performed using the generalized spherical harmonic 

series expansion method of Bunge [188]. The harmonic series were expanded to a rank (L) 

of 34, and a Gaussian smoothing with a half-width of 5° was used.  

6.3.5 Microhardness Tests 

Vickers microhardness tests were performed on the polished surfaces of the as-

fabricated and solution heat-treated samples using a Zwick/Roell Zhu microhardness tester 

2.5 with a load of 1 kg (denoted as HV1) and loading time of 20 s. The microhardness 

measurements were taken from at least 10 different points on each observation plane (i.e., 

XZ- and XY-planes) to obtain the average values of each sample. 
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6.4 Results 

6.4.1  Microstructural Analyses of the As-Fabricated and Solution Heat-Treated 

IN939 Samples 

The relative density of the as-fabricated sample was measured to be ca. 99.4% by 

Archimedes’ method using an analytical balance (Sartorius Entris II Essential BCE124I-

1S) having accuracy and repeatability of ± 0.1 mg according to ASTM B962-13 [187]. 

Figure 6.3 exhibits gas pores and some LOF regions (seen as black colored defects) in the 

PBF-LB as-fabricated and solution heat-treated samples. These defects generally form in 

nickel-based superalloys during the PBF-LB processing due to some reasons that will be 

further explained in the discussion section. Additionally, the relative density after solution 

heat-treatment as measured to the same level as in the as-fabricated material condition. 

 

Figure 6.3 As-polished micrographs of the as-fabricated and solution heat-treated IN939 

samples in the XZ-plane: (a) as-fabricated (ASF), (b) SHT1120, (c) SHT1160, (d) 

SHT1200 and (e) SHT1240 (the arrow represents the building direction). 

Figure 6.4 shows optical microscope and SEM images of the as-fabricated IN939 

sample for both observation directions. An arc-shaped melt pool morphology was observed 

in the XZ-plane (Figure 6.4(a, c)) which was formed due to the Gaussian energy 

distribution of the laser beam which is applied during the PBF-LB process [245]. Whereas 

the laser beam scanning paths were observed in the XY-plane (Figure 6.4(b, d)). Similar 

morphologies have been reported as typical characteristic microstructures found in 

additively manufactured parts in many studies [11,249]. It should be noted that the physical 

and mechanical properties of as-fabricated parts are highly dependent on the geometry of 

the melt pool morphology (i.e., shape, width and depth) influenced by the thermal history 

of the PBF-LB method. High magnification SEM image (Figure 6.4(e)) showed that some 

cellular structures with sizes of ~ 0.5 µm and columnar dendrites with an average dendrite 

arm spacing of ~ 0.7 µm occurred within the structure.  
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Figure 6.4 Optical microscope and SEM images of the as-fabricated IN939 sample: (a, c) 

the melt pool morphology in the XZ-plane, (b, d) the laser beam scanning paths in the 

XY-plane (XZ- and XY- planes are shown with an arrow and a dot, respectively) and (e) 

the high magnification image showing the cellular and columnar structures developed 

within the matrix. 

Figure 6.5 shows the optical images of the solution heat-treated samples in both 

observation directions. It can be seen in Figure 6.5(a, b), the melt pool and scanning paths 

observed in the as-fabricated sample were still presented for the SHT1120 sample which 

means the solution temperature was insufficient to dissolve the initial microstructure. With 

increasing solution heat treatment temperature up to 1200 °C, the melt pool and scanning 

path morphologies disappeared and converted into a mixture of columnar grains in the XZ-

plane and equiaxed grains in the XY-plane. On the other hand, large equiaxed grains were 
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observed in the SHT1240 sample for both observation directions which indicates most of 

the grains started to grow after recrystallization. A more detailed examination of the 

microstructure results is given in the texture analysis section.  

 

Figure 6.5 Optical microscope images of the solution heat-treated samples: (a, b) 

SHT1120, (c, d) SHT1160, (e, f) SHT1200 and (g, h) SHT1240 in the XZ- and XY-

planes, respectively. 

Further investigations revealed that many undissolved white particles with an 

average size of ~ 0.5 μm were observed in the grains, particularly along the grain 

boundaries, as given in Figure 6.6(a-h). The low diffusion rate of the large elements makes 

the dissolution of this type of particles difficult as also stated by Komarasamy et al. [243]. 

Moreover, a large number of spherical-like nano-sized precipitates corresponding to γ′ 

phase homogeneously distributed in the matrix was observed, as can be seen in higher 

magnification SEM micrographs in Figure 6.6(a1, c1, e1, g1). This observation is also in 

agreement with the study conducted by Shaikh AS [4]. According to the results obtained 

from Image J analyses, the size of γ′ phase was measured as 35 ± 12 nm, 56 ± 11 nm, 49 

± 9 nm and 40 ± 7 nm for the SHT1120, SHT1160, SHT1200 and SHT1240 samples, 

respectively. Additionally, plate-like phases were not observed during the SEM analyses. 

For this reason, it can be said that no significant η-phase was presented in the 

microstructures. According to EDS analyses given in Figure 6.7 and Table 6.3, some 

irregular-shaped MC type (rich in Ti, Nb and Ta) carbides were observed at the grain 

boundaries and also grain interior (Spot 1 and 2). Note that the accuracy of W detection in 

EDS analyses is limited due to the overlapping of W and Ta peaks and the minor alloying 

of this element in IN939.  
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Figure 6.6 SEM images of the solution heat-treated samples: (a, b) SHT1120, (c, d) 

SHT1160, (e, f) SHT1200 and (g, h) SHT1240 in the XZ- and XY-planes, respectively, 

and (a1, c1, e1, g1) magnified images of the solution heat-treated samples, showing γ' 

phases along with MC-type carbides. 

 

Figure 6.7 SEM image of the SHT1160-treated sample showing the MC type carbides. 
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Table 6.3 EDS analyses of the MC-type carbides formed in the IN939 matrix. 

Elements (wt.%) 

EDS spot Ni Co Cr Ti Nb W Ta Al C 

1 32.86 12.96 17.61 11.46 4.01  1.27 8.49 1.24 10.01 

2 15.06 5.78 8.78 20.54 10.06  1.58 18.96 1.11  17.57 

3 48.25  18.6  22.63  3.88  0.34  1.18 0.48  1.47 3.18  

 

6.4.2 Texture Analysis of the As-Fabricated and Solution Heat-Treated IN939 

Samples 

From PBF-LB processing, the grain structure and crystallographic texture vary along 

building and scanning directions, resulting in microstructure anisotropy. Detailed EBSD 

analyses were performed on the IN939 samples to investigate microstructure and texture. 

The grain structure of the samples can be clearly seen in the inverse pole figure (IPF) and 

image quality & grain boundaries (IQ & GBs) maps for both XZ- and XY-planes, as given 

in Figure 6.8 and Figure 6.9. The as-fabricated sample showed a microstructure composed 

of columnar elongated grains along the build direction (in the XZ-plane). In contrast, 

equiaxed grains were present in the XY-plane. Additionally, the area-weighted average 

grain size of the as-fabricated sample was measured as 10.8 μm in the XZ-plane and 21.3 

μm in the XY-plane. It has been reported that the rapid solidification of the melt pools 

during the PBF-LB processing causes the formation of finer microstructures compared to 

conventional manufacturing methods along with the improvement of mechanical 

performance of the alloys [250]. For the SHT1120, SHT1160 and SHT1200 samples, the 

elongated columnar grains in the XZ-plane and equiaxed grains in the XY-plane were still 

observed, similar to the as-fabricated one. Unlike the other samples, large equiaxed grains 

were observed in the SHT1240 sample for both observation directions. Thus, it can be 

revealed that the columnar grain structure was almost completely replaced by equiaxed 

grains when the sample was solutionized at 1240 °C. Furthermore, the average grain size 

of the samples increased with increasing solution heat treatment temperature, as can be 

seen in Figure 6.11 and Table 6.4. 

Pole figures (PFs) of the samples were obtained from the corresponding EBSD data to 

estimate the crystallographic orientations, as given in Figure 6.10. Note that only the 

corresponding {001} PF and IPF with respect to building direction were represented for 
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the texture analyses. As can be seen, the {001}// BD texture component was dominant, for 

both as-fabricated and solution heat-treated samples. The maximum intensity values of the 

as-fabricated sample were determined as 2.875 for IPFs and 2.989 for PFs. When we 

compare the solution heat-treated samples among themselves, the maximum intensity 

values of IPFs and PFs increased with increasing solution heat treatment temperature.  

 

Figure 6.8 (a-e) IPF and (f-j) IQ-GBs maps of the as-fabricated and solution heat-treated 

IN939 samples in the XZ-plane. 

 

Figure 6.9 (a-e) IPF and (f-j) IQ-GBs maps of the as-fabricated and solution heat-treated 

IN939 samples in the XY-plane. 
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Figure 6.10 IPF and PF maps of the as-fabricated and solution heat-treated IN939 

samples in the XZ-plane. 

 

Figure 6.11 Grain size distributions of the as-fabricated and solution heat-treated IN939 

samples for both observation directions: (a) in the XZ-plane, and (b) in the XY-plane. 

Table 6.4 Average grain size diameter of the as-fabricated and solution heat-treated IN939 

samples. 

Observation 

direction 

The area-weighted average grain size diameter (μm) 

ASF SHT1120 SHT1160 SHT1200 SHT1240 

XZ-plane  10.8 ± 1.1   16.6 ± 1.2   17.7 ± 2.3  23.5 ± 3.8  31.1 ± 5.3  

XY-plane 21.3 ± 4.6 24.4 ± 3.3  25.9 ± 3.1 28.7 ± 3.5   33.8 ± 4.8  

 

The kernel average misorientation (KAM) and grain orientation spread (GOS) 

maps of the as-fabricated and solution heat-treated samples were displayed in Figure 

6.12(a-e) and Figure 6.12(f-j), respectively. KAM is examined to estimate the local 

misorientations, which is also related to dislocation density. In other words, a large KAM 

value represents a higher defect (e.g., dislocation) density. As can be seen in Figure 6.12(a), 

the rapid solidification rate of the PBF-LB processing causes local strain inhomogeneity, 
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accordingly formation of high dislocation density in the as-fabricated sample. In the 

SHT1120 sample (Figure 6.12(b)), there was no significant difference when compared to 

the as-fabricated one, possibly due to the similar microstructure present in the samples. 

However, the dislocation density was decreased with increasing solution heat treatment 

temperature, as expected (Figure 6.12(c-e)). Grain orientation spread (GOS) maps shown 

in Figure 6.12(f-j) represent grain based local misorientations. For GOS calculations first 

the average orientation of a grain is calculated. Then the misorientation between this 

average and the orientation of each individual measurement point within the grain is 

calculated. Lastly, the average of these misorientations is calculated and assigned to each 

point within the grain. Fully recrystallized grains have very low GOS values, whereas high 

defect density and deformation increases GOS. As shown in Figure 6.12(h), the first 

recrystallized grains were observed when the samples were solution heat treated at 1160 

°C. Also, increasing the solution heat treatment temperature caused an increase in the 

recrystallization fraction. 

For better quantification, the distributions of KAM and GOS maps in the as-

fabricated and solution heat-treated samples are also given in Figure 6.13. The KAM 

distributions of both as-fabricated and solution heat-treated samples exhibited a single peak 

(Figure 6.13(a)). The as-fabricated and SHT1120 samples had a close peak value of around 

0.64 and 0.68 degrees, respectively. Whereas the other solution heat-treated samples had 

lower peak values of around 0.52 for the SHT1160 and SHT1200 samples and 0.41 for the 

SHT1240 sample. The decrease in dislocation density after solution heat treatments caused 

a decrease in KAM values. It is known that the GOS distributions are highly affected by 

the changes in the grain structure and the characteristics of the phases formed in the 

structure. In our cases, the smaller grains’ orientation spread is lower than those of larger 

grains, especially for the SHT1240 sample (as given in Figure 6.13(b)). Similar to the 

KAM values, the GOS values of the as-fabricated and SHT1120 samples were also close 

to each other and were determined as 1.98 and 1.92, respectively. However, with increasing 

solution heat treatment temperature, the value decreased to 1.74 for SHT1160, 1.56 for 

SHT1200 and 0.44 for SHT1240 due to the recrystallization of the grains. 
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Figure 6.12 (a-e) KAM and (f-j) GOS maps of the as-fabricated and solution heat-treated 

IN939 samples in the XY-plane. 

 

Figure 6.13 (a) KAM and (b) GOS distributions of the as-fabricated and solution heat-

treated IN939 samples in the XY-plane. 

The dislocation density in metallic materials includes geometrically necessary 

dislocations (GND) and statistically stored dislocations. It is reported that GNDs account 

for most dislocations in FCC cubic metals [193], thus GND density (Figure 6.14(a)) 

obtained from the EBSD analyses can be used to estimate the effect of the production with 

PBF-LB as well as the effect of solution heat treatment on the dislocation density. The 

average GND density of the as-fabricated sample was determined as 36.41012 m/m3 which 

was close to the SHT1120 samples with an average of 35.31012 m/m3. With increasing 

solution heat treatment temperature, the value decreased to 28.71012 m/m3 for SHT1160, 

25.91012 m/m3 for SHT1200, and 10.91012 m/m3 for SHT1240 samples, probably due to 

the recrystallization of the grains. Furthermore, the misorientation angle distributions are 

given in Figure 6.14(b). The light green line represents the Mackenzie distribution for 
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completely random oriented cubic crystals. As expected, the misorientation distribution of 

the as-fabricated sample exhibited the predominance of low-angle grain boundaries (<10°), 

implying that the grains were composed of substructure and dislocations, as also observed 

in the high-magnification SEM images (Figure 6.4(e)). When the samples subjected to the 

solution heat treatment, the misorientation distribution within the grains exceeded 15° and 

even approached the Mackenzie distribution for the SHT1240 sample. This indicates 

randomization of the crystallographic texture during the heat treatment.  

 

Figure 6.14 GND and (b) misorientation angle distributions of the as-fabricated and 

solution heat-treated IN939 samples in the XY-plane. 

6.4.3 Microhardness Measurements of the As-Fabricated and Solution Heat-Treated 

IN939 Samples 

The average Vickers microhardness values of the samples in as-fabricated and 

solution heat-treated conditions are tabulated in Table 6.5. The hardness measurements 

were conducted on both observation planes. As can be seen in Table 6.5, the hardness value 

of the as-fabricated sample increased with the application of solution heat treatment. As 

mentioned previously (Figure 6.6), spherical-like γ' phase was observed for all of the 

solution heat treatment temperatures. The peak hardness values were observed as 531 ± 17 

HV and 503 ± 14 HV for XZ- and XY-planes, respectively, when the samples were 

subjected to solution heat treatment at 1120 °C. On the other hand, the hardness values 

decreased with increasing solution heat treatment temperatures, which can be attributed to 

the increase in the average grain size (Figure 6.11and Table 6.4) and decrease in the GND 

density values (Figure 6.14(a)). The reduction of GND density can be attributed to 

recrystallization phenomena, as clearly shown in the GOS maps (Figure 6.12(f-j)), and this 

is also another reason for the reduction in the hardness values.  
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Table 6.5 Average Vickers microhardness values of the as-fabricated and solution heat-

treated IN939 samples. 

Observation 

direction 

Hardness (HV1) 

ASF SHT1120 SHT1160 SHT1200 SHT1240 

XZ-plane 358 ± 12 531 ± 17 446 ± 19 463 ± 43 448 ± 45 

XY-plane 380 ± 10 503 ± 14 435 ± 24 466 ± 27 445 ± 21 

 

6.5 Discussion  

6.5.1  Microstructural Evolution of the As-Fabricated and Solution Heat-Treated 

IN939 Samples 

The analyses did not reveal any significant differences in the relative densities of 

the IN939 samples. For both as-fabricated and solution heat-treated samples, only some 

lack of fusion regions and gas pores were detected; other than that, no cracks were found 

in the structure, as given in Figure 6.3. Such defects can occur because some of the powders 

that are greater than the layer thickness may lead to insufficient melting during the PBF-

LB processing and result in lack-of-fusion regions in the structure. In this work, the layer 

thickness was set at 0.04 mm and the range of powder particle size was 17.6 to 52.6 μm. 

On the other hand, gas pores may form due to the trapping of gases dissolved in the molten 

metal or released from the starting powder in the molten pools [219]. It is known that the 

process parameters (i.e., scanning strategy, laser power and speed, hatch distance and layer 

thickness and etc.) of the PBF-LB method strongly influence the physical properties of the 

produced components [251]. Since other precipitation-hardenable nickel-based 

superalloys such as IN718 have been studied for a long time, there are many studies in the 

literature on process parameter optimization, heat treatment and even alloying addition for 

these materials. Despite the few studies on IN939, there are many shortcomings that need 

to be worked on. The process parameters used in our study can contribute to the studies on 

production optimization since micro or macro cracks were not observed in the materials. 

Note that the hot isostatic pressing (HIP) process is one of the effective methods used to 

eliminate process-induced defects in the nickel-based superalloys. Rezaei et al. [252] 

studied the effect of the HIP process on the as-produced and standard heat-treated IN718 

alloy in terms of relative density, microstructure, and room- and high-temperature 

mechanical behaviours. They reported that the relative density of the as-produced sample 
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was increased from 99.50 % to 99.96 % due to the elimination of the intrinsic porosities 

and large contour defects observed near the surfaces. They also found that the anisotropy 

in mechanical properties and microstructure were highly enhanced after HIP process.  

The grain morphology (i.e., planar, cellular structure and columnar dendrites) of 

the samples fabricated with additive manufacturing methods is mainly dependent on the 

ratio of the thermal gradient (G) to the solidification rate (R) which is described as the G/R 

ratio [44,253]. Columnar and cellular structures formed in the melt pool morphology and 

laser scanning paths detected in the XZ and XY-planes, respectively, can be developed in 

produced parts, as shown in Figure 6.4. Further investigation revealed that the size of the 

columnar grains was larger than the melt pools (Figure 6.8(a and f)), and some overlapping 

regions were observed, particularly in the XZ-plane (Figure 6.4(a)). The occurrence of this 

type of morphology can be attributed to the remelting of previously solidified layers due 

to the thermal gradient, which provides a strong bonding between successively deposited 

layers and results in better mechanical properties [205]. After the solution heat treatments, 

the microstructure composed of columnar elongated grains in the XZ-plane and equiaxed 

grains in the XY-plane were observed for the SHT1120, SHT1160 and SHT1200 samples 

(Figure 6.8 and Figure 6.9). The main difference between solution heat-treated samples is 

that the average grain size of the samples increased with increasing solution heat treatment 

temperature. On the other hand, equiaxed grains with an average size of 32 μm were 

observed in the SHT1240 sample for both observation directions. This grain morphology 

contributes to microstructural anisotropy, which is then reduced significantly when the 

solution heat treatment was applied at 1240 °C (Figure 6.11 and Table 6.4). 

As mentioned earlier, segregation of certain elements is one of the limitations of 

the PBF-LB processing which results in the formation of various brittle TCP phases such 

as the η (eta) phase as well as some MC and M23C6 type (i.e., Ti-, Ta-, Nb- and/or Cr-, W-

rich, respectively) carbides. It is mostly reported that these phases negatively influence the 

mechanical properties of the alloys because they act as nucleation sites for crack formation 

[254]. However, it also should be noted that the effect of carbides on tensile properties is 

strongly dependent on the characteristics, including morphology, size, amount and 

distribution of them [255]. As given in Figure 6.7 and Table 6.3, some irregular-shaped 

MC type carbides enriched with Ti, Nb and Ta elements were found at the grain boundaries 

and inside the grains for all conditions. The average size of the carbides was measured to 

be ~ 0.7 μm, which is smaller than that found in conventionally manufactured counterparts. 
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The slow cooling rate of conventional manufacturing methods results in the formation of 

larger block-shaped carbides in the structure [253]. Moreover, the EDS results obtained 

from EDS spot 1 (see Figure 6.7 and Table 6.3) indicated the concentrations of C, Ta, Ti 

and Nb elements in that MC carbide were considerably lower than for the MC carbide at 

EDS spot 2. Conversely, Ni, Cr and Co concentrations increased. In the literature, it is 

mentioned that there are two different transformations related to this, as given below. The 

first is attributed to the precipitation of the brittle η phase (Ni3(Ti, Ta, Nb, Al)) and the 

second to the precipitation of the strengthening γ' phase, along with formation of the M23C6 

type carbide which are formed by the following reactions, respectively [256]; 

MC + γ → M23C6 + η       (6.2) 

     MC + γ → M23C6 + γ'           (6.3) 

Jahangiri et al. [257] reported that the η phase with platelet morphology is enriched with 

Cr, Co, Ta, Ti, Nb and Al elements. The concentration distribution of the elements is 

different from our studies and, no platelet-like phases were observed during the 

microstructural observations.  

The hardness of the as-fabricated sample increased after solution heat treatments. 

It is known that most of the contribution to the mechanical properties of the IN939 alloy 

arises from the formation of γ' phase. As shown in the high magnification SEM images in 

Figure 6.6(a1, c1, e1, g1), solution heat treatment led to the precipitation of spherical-like 

nano-sized γ' phase within the matrix, which is consistent with the obtained hardness 

results. 

6.5.2 Texture evolution of the as-fabricated and solution heat-treated IN939 samples 

The EBSD analyses were performed to address a comprehensive investigation of 

the effect of various solution heat treatments on the crystallographic texture, grain 

morphology, and recrystallization phenomena. As given in the corresponding IPFs and PFs 

(Figure 6.10), the <001>//BD texture was dominant for all samples. The solution heat 

treatments did not cause a significant change in the texture of the samples produced, but 

still affected their maximum intensity values. These values were highest for SHT1240 

samples (i.e., 3.981 for IPF and 8.982 for PF) most likely due to recrystallization and 

subsequent grain growth mechanism. IQ & GBs maps of the samples showed that the as-

fabricated and SHT1120 samples contained high amounts of low-angle grain boundaries 
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(LAGBs), indicated by the red and blue lines. As seen in the figures of SHT1160 and 

SHT1200 samples, LAGB density decreased with increasing solution heat treatment 

temperature. The misorientation distribution of the samples also indicated that most of the 

grain boundaries are LAGBs, as given in Figure 6.14(b). On the other hand, these 

boundaries changed into high-angle grain boundaries (HAGBs) and approached the 

Mackenzie distribution for the SHT1240 sample, which is attributed to the randomization 

of texture due to recrystallization phenomenon.  

It is well known that the high-temperature gradient and rapid solidification rate of the PBF-

LB processing cause high defect density along with the high residual stress in the fabricated 

parts. According to the results obtained from KAM (Figure 6.12(a-e)) and GND (Figure 

6.14(a)) analyses, it was observed that the as-fabricated sample had high dislocation 

densities, especially along grain boundaries rather than grain interiors. The dislocation 

density of the SHT1120 sample was close to its as-fabricated counterpart. The GND value 

decreased by 18.7 %, 26.8 % and 69.1 % for the SHT1160, SHT1200 and SHT1240 

samples, respectively. Moreover, the reduction in the KAM values (Figure 6.13(a)) was 

calculated as approximately 23.4 % for the SHT1160 and SHT1200 samples and 49.2 % 

for the SHT1240 sample. It can be revealed that a significant decrease in both dislocation 

density and residual stress were observed with increasing solution heat treatment 

temperature. 

 

Figure 6.15 Recrystallization fractions of the as-fabricated and solution heat-treated 

samples. 

GOS is also used to distinguish recrystallized grains from others. Grains with a GOS 

value less than 1.5 represent recrystallized ones [32]. As seen in the GOS maps and 
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distributions (and Figure 6.12(f-j) and Figure 6.13(b)), the GOS values of the as-fabricated 

and SHT1120 sample were higher and GOS values decreased with increasing temperature 

of the solution heat treatment. Figure 6.15 shows the recrystallization fractions of the as-

fabricated and solution heat-treated samples. Here, a threshold GOS value of 1.8 degrees 

was selected to distinguish recrystallized grains. The first recrystallized grains, as indicated 

in Figure 6.12(h), began to appear when the samples were subjected to the solution heat 

treatment at 1160 °C and the GOS value decreased by 10.3%. The fraction of the 

recrystallized grains increased from 0.55 (this value was calculated for the as-fabricated 

sample) to 0.56 for SHT1120, 0.66 for SHT1160 and 0.68 for SHT1200 samples as the 

solution heat treatment temperature increased with decreasing the GOS value. Moreover, 

most of the grains were recrystallized for the SHT1240 sample, as its recrystallization 

fraction was calculated to be 0.97. The recrystallization starts from high defect density 

regions, such as overlapping melt pools and cross-over points of laser-beam scanning paths 

(hatch pattern). Those regions exhibit higher local misorientations and higher GND density 

than the rest of the sample. The local misorientations and GND density decrease with 

increasing solution heat treatment temperature. Those findings are in agreement with our 

previous study on recrystallization kinetics and grain growth in PBF-LB produced IN718 

[45]. IN718 involved twinning-assisted recrystallization mechanism and exhibited 

significant grain growth over 1150 °C. For IN939 the distribution of defects (i.e., 

dislocations) coming from the as-fabricated structure, and the size and distribution of MC 

type carbides determine the recrystallization kinetics of IN939. It was also found that the 

carbides and precipitates limited the grain growth of IN939, compared to IN718. 

6.6 Conclusions 

The effect of solution heat treatment on the microstructure, grain morphology and 

crystallographic texture of the IN939 fabricated by the PBF-LB method were 

systematically investigated. Based on the results of this study, the main findings can be 

summarized as follows: 

1- For solution heat treatment of 1200 °C, the arc-shaped morphologies seen in the as-

fabricated samples disappeared and turned into a mixture of columnar and equiaxed 

grains in the XZ and XY-planes, respectively. When the samples were solution heat-

treated at 1240 °C, microstructural anisotropy was eliminated by forming equiaxed 

grains with an average size of 32 μm.  
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2- Texture analyses showed that both as-fabricated and solution heat-treated samples had 

a preferential <001>// BD texture. The intensity values increased with increasing 

solution heat treatment temperature. 

3- The high amount of LAGBs and GNDs density formed in the as-fabricated sample due 

to the high-temperature gradient and rapid solidification rate of the PBF-LB processing 

decreased after solution heat treatment. Moreover, their fractions decreased as the 

solution heat treatment temperature increased.  

4- As shown in the KAM and GOS maps and distributions, the first recrystallized grains 

began to appear when the samples were subjected to the solution heat treatment at 1160 

°C and the fraction of the recrystallized grains increased with increasing solution heat 

treatment temperature. Here the size and distribution of MC type carbides determine 

the recrystallization kinetics, and they also limit the grain growth. 

5- High magnification SEM images showed that a large amount of spherical-like nano-

sized the γ' phase formed within the matrix after all solution heat treatment conditions, 

which caused to increase in the hardness values. 

6.7 Contribution to Thesis Objectives 

IN939 is a precipitation hardenable Ni-base superalloy. Precipitation hardening 

heat treatment has two steps: SHT and aging. After a thorough review of the existing 

literature, it was found that there was a limited study on the understanding of how various 

SHT temperatures on the material properties of IN939 fabricated by the PBF-LB. This 

chapter significantly advanced the understanding of the influence of various solution heat 

treatment temperatures on the microstructure, crystallographic texture, and microhardness 

of IN939 fabricated by the PBF-LB. Notably, it identified that the recrystallization started 

at 1160 °C, and microstructural anisotropy was eliminated at 1240 °C. Furthermore, the 

study highlighted the formation of spherical-like nano-sized γ' phase precipitates within 

the matrix after SHT, increasing microhardness. These findings collectively offered 

valuable insights into optimizing SHT processes in PBF-LB fabrication, contributing to 

advancements in the manufacturing of high-performance IN939 components. It should be 

noted that aging treatment should be optimized as a future study. 
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7.1 Abstract 

The recrystallization and grain growth behaviour of IN718 alloy additively manufactured 

by powder bed fusion-laser beam (PBF-LB) is presented herein. The effects of three 

different temperatures (1050, 1150 and 1250 C) and holding times (15, 45 and 90 min) 

were investigated. The texture evolution of the samples was recorded via electron 

backscatter diffraction (EBSD). The as-built sample is composed of bowl-shaped melt 

pools, a chessboard-like grain pattern and has a cube texture {100}<001>. Recrystallized 

grains were observed in the samples treated at 1150 C for 15 minutes, as well as the 

samples treated for longer periods and at higher temperatures. Recrystallization was 

observed to start from high dislocation density regions, including the overlapping melt 

pools and the borders of the chessboard-like pattern. The initial cube texture transforms 

into a first-generation cube-twin texture {122}<212> via a twinning-assisted 

recrystallization mechanism. Then, those recrystallization nuclei sweep through the high 

defect density matrix; during which almost no new twins are formed. The samples treated 

at 1250 C are almost completely recrystallized, which forms a weaker cube texture and a 

stronger P-orientation {011}<112>. However, the growth of recrystallized grains is very 

limited due to the presence of non-coherent precipitates. 

7.2 Introduction 

Ni-base superalloys, the most extensively-developed superalloy family, have been 

widely used for aerospace and industrial applications over the past four decades for their 

outstanding high-temperature mechanical properties [258,259]. IN718, developed by the 

Nickel Corporation in the 1950s, possesses superior properties such as excellent oxidation 

and corrosion resistance, good weldability and high-temperature mechanical property 

stability up to 650 C [46,52,260]. For this reason, IN718 is used in the aerospace industry 

(i.e. aircraft gas turbine disks, vanes, combustion chamber, rocket engine parts), chemical 

and petrochemical industries (i.e. bolts, valves, fans, tubing), nuclear power systems, 

marine architecture and pollution control equipment [7].  

IN718 can have multiple phases shown in Table 7.1 depending on the elemental 

composition, heat-treatment conditions, and solidification. IN718 is a precipitation-

strengthened Ni-base superalloy based on the austenite (γ) matrix. The primary 

strengthening phase is γ" (Ni3Nb, D022) and the auxiliary strengthening phase is γ' (Ni3(Al, 

Ti), L12). These phases have a coherent or semi-coherent particle-matrix interface. The γ" 

(a coherent disc-like morphology with {100} habit plane) has higher coherency strain and 
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antiphase boundary (APB) energy, so the strengthening effect of γ" is greater than γ' [261]. 

The metastable γ" can transform into the stable orthorhombic δ phase (Ni3Nb, D0a) over a 

long period of exposure to high temperatures (above 700 C). δ phase, Laves (brittle 

intermetallic compound) and MC carbide have incoherent particle-matrix interfaces. 

However, these phases can be detrimental to the mechanical properties when they are 

extremely coarse and acicular. On the other hand, the δ phase can also lead to grain 

refinement. The mechanical properties can also be controlled by adjusting the size and 

distribution of the IN718 phases [52,53]. 

Conventional manufacturing techniques such as casting, wrought and powder 

metallurgy are used to produce IN718, and these methods provide reasonable mechanical 

properties. However, the machining of IN718 is difficult due to its low material removal 

rate and high shear strength. Additionally, many industries, particularly the aerospace 

industry, require highly complex geometries which are difficult to produce in a single 

production step with conventional manufacturing techniques [120,258] For this reason, a 

more convenient manufacturing technique is necessary to produce IN718 geometries.  

Additive manufacturing (AM) techniques provide significant advantages over 

conventional manufacturing techniques such as greater design freedom, near-net-shape 

fabrication, high material-use efficiency and alleviating the machining difficulty resulting 

from conventional manufacturing techniques [146,180]. The PBF-LB process, also known 

as selective laser melting (SLM), is a metal AM technique that uses a focused laser beam 

to melt metal powder [44,179]. The production mechanism of the PBF-LB process is based 

on layer-by-layer production according to the created CAD model and was explained in a 

detail in previous studies [126,152,262,263]. Furthermore, the PBF-LB process possesses 

a low buy-to-fly ratio, enabling the manufacturing of complex geometries in a single 

production step and often provides cost and time-saving advantages over conventional 

manufacturing [53]. However, the high cooling rate of the PBF-LB process causes rapid 

solidification leading to the formation of non-equilibrium phases such as Laves and 

carbides, inhibition of the precipitation strengthening phases, and microsegregation of the 

refractory elements such as Nb and Mo and residual stresses. These can decrease 

mechanical performance [244,264]. For this reason, post-heat treatments are often used as 

a common practice to dissolve detrimental phases (i.e. Laves), reduce possible residual 

stresses, and to optimize the microstructure and mechanical properties of the IN718 

produced by the PBF-LB [264]. 
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Different post-heat treatments provide different microstructure and mechanical 

properties. These post-heat treatments can be categorized as solution heat treatment (SHT) 

improving mechanical properties by dissolving detrimental phases, stress-relieve heat 

treatment reducing residual stress and texture, aging (single or double) providing 

precipitation of strengthening phases, homogenization reorienting columnar grains and hot 

isostatic pressing (HIP) increasing density by decreasing defects [7]. Thus, optimization 

of the post-heat treatments is a significant step to obtain desired properties. Recently, the 

effects of heat treatments on IN718 produced with the PBF-LB process have been 

investigated in several studies [232,241,244,260,261,264–267]. 

In the literature, solution heat treatment was generally performed with fast cooling 

(water quench or air cooling) for the IN718 produced by the PBF-LB. Although a few 

studies [232,241,267,268] investigated solution heat treatment followed by furnace 

cooling (FC), a detailed investigation of the effects of FC during solution heat treatment 

on the IN718 produced by the PBF-LB is necessary to fill a gap in the literature. Moreover, 

there are limited studies on the recrystallization and grain growth kinetics of PBF-LB 

manufactured IN718. In this work, the influence of three different solution heat treatment 

temperatures (1050, 1150 and 1250 C) and holding times (15, 45 and 90 min) followed 

by FC under argon atmosphere on the recrystallization and grain growth behaviour of 

IN718 produced by the PBF-LB was investigated. Microstructure and grain examination 

of the samples was performed using an optical microscope (OM), scanning electron 

microscope (SEM) and EBSD. Texture evolution of the samples was investigated using 

EBSD and microhardness values of the samples were measured by the Vickers 

microhardness test. 

Table 7.1 Phases in IN718 (adapted from [34,261]). 

Phase Crystal structure Chemical formula Solvus temperature (oC) 

gamma (γ) FCC Ni 
1227-1320 (solidus) 

1260-1364 (liquidus) 

gamma prime (γ') FCC (ordered L12) Ni3(Al,Ti) 850-970 

gamma double-prime (γ") BCT (ordered D022) Ni3Nb 910-940 

delta (δ) Orthorhombic (ordered D0a) Ni3Nb 990-1020 

Laves Hexagonal (C14) (Ni, Cr, Fe)2(Nb, Ti) 1010-1160 

metal carbide (MC) Cubic (B1) (Nb, Ti)C 1260-1305 
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7.3 Materials and Methods 

7.3.1  Raw Materials and PBF-LB Process Parameters 

Gas atomized IN718 powder with the particle size ranging from 10 to 45 µm was 

used for the PBF-LB process. The chemical composition of the IN718 powder and the 

standard specification for Additive Manufacturing of Ni alloy (ASTM F3055-14a [269]) 

are given in Table 7.2. In this study, ten IN718 cubes (10 x 10 x 10 mm3) were fabricated 

using SLM Solutions 280HL machine with the identical process parameters shown in 

Table 7.3. All of the IN718 cubes were produced in the Z direction which is parallel to the 

build direction. Then, all IN718 cubes were removed from the build plate using wire-EDM 

prior to heat treatment.  

Table 7.2 Chemical composition of the gas atomized IN718 powder, and ASTM F3055-

14a standard [269]. 

Elements 

(wt.%) 
Ni Cr Fe Mo Co Al Ta+Nb Ti C Cu Mn Si P S B 

IN718 

Powder 
53.15 19.58 Balance 3.12 0.14 0.14 5.01 1.0 0.03 0.04 0.03 0.04 0.004 

0.00

1 
<0.01 

ASTM 

F3055-14a 
50-55 17.0-21.0 Balance 2.80-3.30 0-1 0.2-0.8 4.75-5.50 0.65-1.15 0-0.8 0-0.3 

0-

0.35 

0-

0.35 

0-

0.015 

0-

0.01
5 

0-

0.006 

 

7.3.2 Heat Treatments  

Before heat treatments, IN718 cubes were cleaned using acetone and ethanol, 

respectively. Then, the cleaned and dried IN718 cubes were placed into an atmosphere-

controlled horizontal tube furnace (Lenton Tube Furnace 1500 oC LTF 16) at room 

temperature. After purging with high purity argon gas for 5 min, solution heat treatment 

was carried out under high purity argon gas flow at various temperature and holding time 

combinations. Subsequently, samples were cooled down to room temperature in the 

furnace under high purity argon gas (cooling rate of 5 C/min). Table 7.4 shows the 

summary of the solution heat treatments applied for the IN718 cubes. 
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Table 7.3 PBF-LB process parameters for the IN718 cubes. 

Process Parameters Unit Value 

Layer thickness µm 30 

Preheating temperature oC 200 

Beam diameter µm 85 

Laser power W 200 

Laser speed mm/s 945 

Hatch distance mm 0.12 

Stripe length mm 10 

Starting angle o 45 

Rotation angle o 90 

Energy density (J/mm3) 59 

Cubes were all fabricated using a (45, 90) scan pattern, which refers to a 

45° laser starting scan angle with respect to the cube x-axis direction, and 

a 90° rotation angle per layer. 

 

Table 7.4 Summary of the solution heat treatments applied for IN718 cubes. 

 

Description Temperature (oC) Holding time (min) 

AB (as-built) None None  

1050-15 1050 15 
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1050-90 1050 90 

1150-15 1150 15 

1150-45 1150 45 

1150-90 1150 90 

1250-15 1250 15 

1250-45 1250 45 

1250-90 1250 90 

 

7.3.3 Materials Characterization 

For the metallographic examination, IN718 cubes were cut as shown in Figure 7.1 

to examine both Z (parallel to the build direction) and XY (perpendicular to the build 

direction) planes. After that, the samples were mechanically ground using conventional 
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SiC grinding papers up to 1200 grit size, then polished with progressively finer diamond 

suspensions (9, 3, 1 µm). The etching step was a challenge for this study. Different etchants 

such as Waterless Kalling’s were tried on the samples. However, the Glyceregia reagent 

(15 ml HCl, 10 ml glycerol and 5 ml HNO3) provided the best result [270]. Although 

generally swabbing is recommended for the Glyceregia reagent, it caused scratches for the 

solution heat-treated samples. Also, the immersion method provided heterogeneous etched 

surfaces. Therefore, the etchant was dropped on the samples using a pipette to obtain 

homogeneously etched surfaces. Microstructures of the AB and solution heat-treated 

samples were examined by OM (Nikon Eclipse LV150) and SEM (ZEISS Merlin Scanning 

Electron Microscope). Additionally, EBSD analysis was carried out in the ZEISS Merlin 

SEM using an acceleration voltage of 15 kV and 6.0 nA probe current. In addition to the 

above polishing steps, an additional final polishing step was applied using 0.25 µm fumed 

silica (OP-S) was applied before the EBSD analysis. The mapping areas of 500 µm x 500 

µm were indexed with a step size of 1 µm. EBSD raw data was post-processed using TSL 

OIM AnalysisTM software. Points with CI (confidence index) below 0.1 were removed and 

twin boundaries were excluded for grain size calculations. The Vickers microhardness tests 

were carried out for both Z and XY planes from 15 points for each plane using Zwick/Roell 

Zhu microhardness tester 2.5 with a load of 1 kg according to ASTM 384-17 [189]. 

 

Figure 7.1 Schematic of Z and XY examination planes cut from the IN718 cubes (BD: 

build direction). 
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7.4 Results 

7.4.1  Microstructure and Hardness in the AB Condition  

Figure 7.2 shows the microstructure of the AB sample. Optical micrographs of the 

Z and XY planes are shown in Figure 7.2(a, b), respectively. Similar to other studies 

[241,262,271,272] bowl-shaped melt pools (Z plane) resulting from the Gaussian energy 

distribution of the laser beam and laser scanning paths line by line (XY plane) were 

observed in the AB sample. The columnar dendritic microstructure, the columnar grains 

with cellular structure and very fine dendrites are the typical microstructure of IN718 

produced by the PBF-LB and the melt pool boundary indicated with a white dashed line 

are displayed in Figure 7.2(c). The magnified SEM images exhibit columnar and cellular 

substructures with an average spacing of 477±171 nm and 581±125 nm, respectively. 

Additionally, the brittle Laves phase which should be dissolved with solution heat 

treatment and γ matrix can be observed in the magnified SEM images indicated by red 

arrows. Although the overall heat flow direction is almost parallel to the building direction, 

the columnar dendrites have different grain growth directions resulting from complicated 

temperature fields in the melt pool [262]. 

The grain morphologies of the Z and XY planes can be clearly seen in the inverse 

pole figure (IPF) maps displayed in Figure 7.2(d, e) and image quality and grain boundaries 

(IQ & GBs) maps shown in Figure 7.2(f, g). The Z plane contains mainly elongated grains 

which are parallel to the build direction. On the other hand, the XY plane contains a 

chessboard-like grain pattern due to the scanning strategy (45o starting angle with 90o 

rotation angle between layers). Additionally, the area-weighted average grain size values 

were obtained from EBSD, and the grain size values are 24.2±5.8 μm and 13.3±3.9 μm 

which are similar to those reported in the literature [162,193] for the Z and XY planes, 

respectively (Table 7.5 and Figure 7.3(a)).  
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Figure 7.2 (a-b) Optical micrographs, (c) SEM image, (d-e) IPF maps, (f-g) IQ and GBs 

maps, (h-i) KAM maps and (j-k) GOS maps of the AB sample. Z plane (parallel to build 

direction) and XY planes (perpendicular to build direction) are indicated with an arrow 

and a dot, respectively. 
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The kernel average misorientation (KAM) maps of the Z and XY planes are 

displayed in Figure 7.2(h) and (i), respectively. KAM can be defined as the measure of the 

local grain misorientation, and the KAM map displays the average misorientation of each 

pixel with respect to its neighbours. In general, high KAM values represent high plastic 

strain and dislocation density [273,274]. The KAM maps are labelled with a rainbow scale; 

where blue and red represent the minimum and maximum misorientation (0-5o), 

respectively. The overlapping regions have a lower KAM value compared to inside of the 

melt pools shown in Figure 7.2(h) and the KAM value of the Z plane is 0.99o (Table 7.6). 

Furthermore, the KAM value of the XY plane is 1.19o shown in Table 7.6 and the borders 

have a higher KAM value compared to the center of the chessboard-like pattern as shown 

in Figure 7.2(i). This finding is consistent with the study of Aota et al. [225] who reported 

that the coarse grains are located at the center of the chessboard-like pattern having a lower 

KAM value and the borders of the chessboard-like pattern contain the fine grains having a 

higher KAM value. Additionally, the number fraction versus the KAM graph is shown in 

Figure 7.3(b). 

The high cooling rate during solidification causes local strain inhomogeneity and 

accordingly a high dislocation density. The internal plastic strain gradients cause the 

geometrically necessary dislocations (GND). Thus, a high GND density indicates high 

plastic strain gradients [225]. Figure 7.3(c) shows the number fraction versus the GND 

density graph. The average GND densities of the Z and XY planes are 28.61 and 36.33 

shown in Table 7.6, respectively. The grain orientation spread (GOS) can be defined as the 

average of the misorientation angles to the grain mean orientation [273]. The GOS maps 

labelled with a rainbow scale and blue and red colours show minimum and maximum GOS 

angles. A similar trend with the KAM was observed for the GOS of Z and XY planes. The 

columnar grain regions have a higher GOS value compared to inside of the melt pools 

shown in Figure 7.2(j) and the borders have a higher GOS value compared to the center of 

the chessboard-like pattern as shown in Figure 7.2(k). The correlated number fraction 

versus misorientation angle graph is displayed in Figure 7.3(d). The yellow line shows the 

Mackenzie distribution for randomly oriented cubic polycrystals. The misorientation 

distribution of the AB sample shows the predominance of low angle grain boundaries 

(<10o) having more substructure and dislocation density [275]. 

The hardness values of the Z and XY planes were measured as 327.1 ± 4.6 HV and 

323.5 ± 7.4 HV respectively (see Table 7.5). Similar hardness values were reported in the 

review article of Sanchez et al. [7]. 
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Figure 7.3 (a) Grain size, (b) KAM, (c) GND density and (d) misorientation angle 

distributions of the AB and solution heat-treated samples. 

7.4.2 Microstructure and Hardness in the Solution Heat-Treated Condition 

The applied solution heat treatments in this study are displayed in Table 7.4. 

Optical micrographs of the solution heat-treated samples in different conditions show the 

microstructural evolution according to the solution heat treatment temperature and holding 

time (Figure 7.4). There is no significant difference among the microstructures of the 1050-

15, 1050-45, 1050-90 and 1150-15 samples and the bowl-shaped melt pools and scanning 

paths are still visible (Figure 7.4(a-d)). The first recrystallized grains indicated by the red 

dashed lines were observed in the 1150-15 sample (Figure 7.4(d)). Therefore, 1150 oC for 

15 min can be accepted as starting of the recrystallization in this study. On the other hand, 

there is a significant difference in the microstructure of the 1150-45 sample compared to 

the previous samples and twin boundaries with the recrystallized grains can be clearly seen 

in Figure 7.4(e). For this reason, the recrystallization start temperature can be accepted as 

1150 oC for IN718 produced by the PBF-LB in this study. Additionally, the area-weighted 

average grain size values are similar up to 1150-15 sample; however, two times increment 

in grain size was observed for the 1150-45 sample having 46.2±10 μm and 41.3±9.4 μm 
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area-weighted average grain size values for the Z and XY planes, respectively (see Table 

7.5 and Figure 7.3(a)). Furthermore, the grain growth followed the trend of increased 

recrystallization with the solution heat treatment temperature increment (see Figure 7.4(f-

i) and Table 7.5).  

Table 7.5 The average hardness and grain size values of the AB and solution heat-treated 

samples. 

Sample 
Hardness (HV1) Average grain size (μm) 

Z plane XY plane Z plane XY plane 

AB 327.1 ± 4.6 323.5 ± 7.4 24.2 ± 5.8 13.3 ± 3.9 

1050-15 394.9 ± 4.9 400.3 ± 7.2 20.5 ± 5.7 13.1 ± 3.8 

1050-45 399.8 ± 6.2 399.8 ± 7.8 19.5 ± 5.7 14.5 ± 4.1 

1050-90 397.2 ± 6.3 395 ± 4.3 21.1 ± 5.8 13.4 ± 3.9 

1150-15 401.6 ± 3.3 398.4 ± 5.3 21.6 ± 6.2 14.1 ± 4.1 

1150-45 414.1 ± 6.5 414.9 ± 6.2 46.2 ± 10.0 41.3 ± 9.4 

1150-90 411.7 ± 8.4 417.1 ± 7.5 35.8 ± 9.0 39.8 ± 9.5 

1250-15 415.7 ± 4.4 426.3 ± 6.2 45.9 ± 13.3 60.1 ± 19.8 

1250-45 414.7 ± 5.4 420.3 ± 8.2 50.8 ± 14.6 63.4 ± 21.4 

1250-90 409.4 ± 6.2 418.4 ± 6.0 58.7 ± 18.1 63.2 ± 19.7 

 

Figure 7.5 shows the SEM images of the 1050-45, 1150-15, 1150-45 and 1250-45 

samples. All of the samples have precipitates which can be MC carbide, δ phase (needle-

like precipitates at the grain boundaries) and Laves at the grain boundaries (Figure 7.5(a-

d)). Additionally, the high magnified SEM images indicated by red dashed lines display 

the strengthening precipitate phases (γ" and γ') which precipitate during the slow cooling. 

However, transmission electron microscopy (TEM) is required to better understand how 

the precipitated phases formed according to the solution temperature and time. 
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Figure 7.4 Optical micrographs of the solution heat-treatment conditions, (a) 1050 oC for 

15 min, (b) 1050 oC for 45 min, (c) 1050 oC for 90 min, (d) 1150 oC for 15 min, (e) 1150 

oC for 45 min, (f) 1150 oC for 90 min, (g) 1250 oC for 15 min, (h) 1250 oC for 45 min 

and (i) 1250 oC for 90 min. Z plane and XY plane are shown with an arrow and a dot, 

respectively. 

EBSD maps of the Z and XY planes of 1050-45, 1150-15, 1150-45 and 1250-45 

samples are shown in Figure 7.6 and Figure 7.7, respectively. As it was observed in the 

optical micrographs (Figure 7.4), the grain morphologies of the 1050-45 and 1150-15 

samples are similar for both Z and XY planes and it can be seen in both IPF maps (Figure 

7.6(a, b)) as well as IQ & GBs maps (Figure 7.7(a, b)). On the other hand, the 

microstructural change in the 1150-45 sample, along with the mostly recrystallized grains 

also mentioned above section can be clearly seen in Figure 7.6(c) and Figure 7.7(c) for 

both Z and XY planes. Twin boundaries indicated by the red lines in IQ & GBs maps were 

firstly observed in the 1150-45 sample (Figure 7.6(c) and Figure 7.7(c)). Twin boundaries 

can be called as coherent twin boundaries (Σ3) and twin-related grain boundaries (Σ9 and 

Σ27), are special boundaries and they can contribute to the material strength and resistance 

to intergranular degradation [276,277]. The twin boundary fractions are 0.366 (at 60o on 

(111)) and 0.026 (at 38.9o on (110)) for the Z plane and 0.377 (at 60o on (111)) and 0.023 

(at 38.9o on (110)) for the XY plane. Moreover, twin boundaries are also visible in the 

optical micrographs (Figure 7.4(e)). Additionally, the twin boundaries were observed in 

the 1250-45 sample (Figure 7.4(h), Figure 7.6(d) and Figure 7.7(d)). The twin boundary 

fractions are 0.509 (at 60o on (111)) and 0.026 (at 38.9o on (110)) for the Z plane and 0.503 

(at 60o on (111)) and 0.026 (at 38.9o on (110)) for the XY plane. It can be said that the twin 

boundary fraction increased with the increment of solution heat treatment temperature.  
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Figure 7.5 SEM images of the solution heat-treated samples at (a) 1050 oC for 45 min, 

(b) 1150 oC for 15 min, (c) 1150 oC for 45 min and (d) 1250 oC for 45 min; the red 

dashed lines represent first recrystallized grains. 

As it was explained in section 3.1., the overlapping regions and the borders of the 

chessboard-like pattern have a higher KAM value due to the higher dislocation density 

[225]. There is no significant difference in the AB, 1050-45 and 1150-15 samples in terms 

of the KAM values shown in Table 7.6 and Figure 7.3(b). However, there is about 57% 

decrease in the KAM value of the 1150-45 sample due to the recrystallization. The blue 

regions which are on the KAM maps of the 1150-45 sample (Figure 7.6(c) and Figure 

7.7(c)) can be called as recrystallized grains. Additionally, as it was expected, the KAM 

value decreased with the increment of solution heat treatment temperature (Table 7.6 and 

Figure 7.3(b)). Furthermore, the 1250-45 sample has more recrystallized grains compared 
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to the 1150-45 sample (Figure 7.6(d) and Figure 7.7(d). On the other hand, the average 

GND density values (Table 7.6) reduced with the recrystallization. The 1150-45 sample 

has about 54% less GND density and the 1250-45 sample has about 81% less GND density 

compared to the AB, 1050-45 and 1150-15 samples. Moreover, the recrystallization and 

grain growth can be seen in the GOS maps shown in Figure 7.6(a-d) and Figure 7.7(a-d) 

for the 1150-45 and 1250-45 samples. Additionally, the misorientation angle graphs of the 

1150-45 and 1250-45 samples (Figure 7.3(d)) approach to the Mackenzie distribution and 

also there is a second peak at 60o for the 1150-45 and 1250-45 samples.  

The hardness values of the Z and XY planes of the samples are given in Table 7.5. 

In contrast to the AB sample, higher hardness values were obtained in the solution heat-

treated samples due to precipitated phases during the slow cooling. Moreover, there was 

no significant difference in the hardness values of the Z and XY planes of the samples. The 

1150-45 and 1250-45 samples have higher hardness values (around 414 HV for the Z 

plane) than the 1050-45 and 1150-15 samples.  
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Figure 7.6 EBSD maps of the solution heat-treated samples; (a) 1050-45, (b) 1150-15, 

(c) 1150-45 and (d) 1250-45. Z plane (parallel to build direction) is indicated with an 

arrow. 
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Figure 7.7 EBSD maps of the solution heat-treated samples; (a) 1050-45, (b) 1150-15, 

(c) 1150-45 and (d) 1250-45. XY plane (perpendicular to build direction) is indicated 

with a dot. 
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Table 7.6 The kernel average misorientation (KAM), geometrically necessary dislocation 

density (GND), recrystallization fraction values of the AB and solution heat-treated 

samples. 

Sample 
KAM (o) GND density Recrystallization 

Fraction Z plane XY plane Z plane XY plane 

AB 0.99 ± 0.58 1.19 ± 0.66 28.61 36.34 0.24 

1050-15 0.93 ± 0.58 1.16 ± 0.66 27.74 34.66 0.31 

1050-45 0.99 ± 0.58 1.12 ± 0.64 29.15 34.07 0.34 

1050-90 1.02 ± 0.58 1.15 ± 0.63 31.22 35.21 0.42 

1150-15 0.98 ± 0.56 1.08 ± 0.62 28.15 31.53 0.31 

1150-45 0.42 ± 0.38 0.40 ± 0.37 13.10 11.05 0.76 

1150-90 0.45 ± 0.36 0.41 ± 0.37 14.60 11.15 0.82 

1250-15 0.35 ± 0.28 0.26 ± 0.21 11.81 6.53 0.90 

1250-45 0.28 ± 0.20 0.29 ± 0.20 5.33 6.67 0.92 

1250-90 0.30 ± 0.19 0.27 ± 0.16 6.05 5.97 0.96 

 

7.4.3 Texture in the AB and Solution Heat-Treated Conditions 

The texture of the samples was examined by using the EBSD technique. Figure 7.8 

shows the PF and IPF maps, only the corresponding {001} PF and [001] IPF were 

represented, of the AB, 1050-45, 1150-15, 1150-45 and 1250-45 samples. The maps 

belong to the Z plane which is parallel to the BD (build direction) of the samples. During 

the solidification from the liquid phase to the solid phase, the atoms prefer to move to the 

less close-packed planes and the grain growth direction occurs along <100> for FCC 

metals. For this reason, the typical solidification texture is well known as <100>//BD for 

the cubic materials because the grain growth occurs faster for the grains which have the 

<100> directions // the temperature gradient during the solidification. Moreover, the 

typical cube texture is represented as {001}//<100> [273]. 

The texture was observed in the middle and four edges of the {001} PF map of the 

AB sample with the maximum intensity value of 6.159 (Figure 7.8(a)) and this texture is a 

typical example for the cube texture. Moreover, the IPF map of the AB sample shows the 

<001>//BD texture component with the maximum intensity value of 4.372. It can be said 

that the AB sample has the {001}//<001> cube texture.  
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The PF and IPF maps of the 1050-45 and 1150-15 samples are shown in Figure 

7.8(b, c). When we compare the PF and IPF maps of these samples with the AB sample, 

there is no significant difference except similar intensity value differences and these 

samples also have the {001}//<001> Cube texture. Indeed, it was expected for these 

samples because there was no significant difference in the microstructure, grain size, 

KAM, GND density and misorientation angle compared to the AB sample. On the other 

hand, the texture of the 1150-45 sample changed compared to the previous samples (Figure 

7.8(d)). This sample exhibits first generation cube twin texture {122}<212>. The 1250-45 

sample shows a weaker cube texture and a more intense P-orientation {011}<122>. 

 

Figure 7.8 Pole figure (PF) and inverse pole figure (IPF) with respect to build direction 

of (a) AB, (b) 1050-45, (c) 1150-15, (d) 1150-45 and (e) 1250-45 samples.  
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7.5 . Discussion 

7.5.1 Microstructural and Texture Evolution of the AB Sample 

The growth process of the sub-structures during the PBF-LB process was well 

explained in the study of Li et al. [244]. The nature of the PBF-LB process provides rapid 

cooling and non-equilibrium solidification. The solidification microstructure is affected by 

the solidification rate (R), undercooling (∆T), and temperature gradient (G), along with the 

process parameters of PBF-LB. The structure size and morphology of solidification 

microstructure (planar, cellular, equiaxed dendritic, or columnar dendritic) are determined 

by GxR and G/R, respectively. For example, the low cooling rates provide coarser 

structures (GR), whereas the finer structures can be obtained by increasing the cooling rate 

(GxR). On the other hand, reducing the G/R ratio can give the planar, cellular, equiaxed 

dendritic, or columnar dendritic solidification microstructure [44,124,268]. The columnar 

dendritic and cellular microstructure was observed in this study (Figure 7.2(c)). The 

solidification sequence of IN718 is well established as follows: Liquid → γ → γ + MC → 

γ + MC + Laves [278]. The segregation of Nb in the inter-dendritic regions is inevitable 

due to its partitioning behaviour during the solidification of IN718. Deng et al. [271] 

reported that the cooling rate affects the segregation of Nb and the size of Laves phase, 

which can be significantly minimized by increasing the cooling rate. Indeed, the low 

amount and size of Nb precipitates can be obtained with the PBF-LB process compared to 

casting due to rapid cooling [52]. According to the study of Tucho et al. [260] Laves phase, 

NbC and TiC can be observed in the sub-grain boundaries of the as-printed IN718. 

Although the main reason for these precipitates is the microsegregation Nb, Mo and Ti 

also segregate during the solidification. Additionally, Laves phase requires at least 10 wt.% 

Nb to form and it is well known that most of the segregated Nb are consumed by Laves 

phase [264]. In our study, Laves phase can be seen in the AB sample (Figure 7.2(c)). 

Moreover, Laves is a brittle intermetallic phase and degrades the high-temperature tensile 

properties [53].  

The combined effects of both the maximum heat flow directions and the alignment 

of easy grain growth directions at the melt pool boundaries determine the texture [272]. 

The preferred grain growth direction is <100> along the heat-flow direction for the FCC 

crystal structure because atoms can move faster to the less close-packed planes [273]. The 

heat flow direction and the balance between G and R can be locally changed by altering 

the process parameters of the PBF-LB (i.e., scanning strategy and energy density). Thus, 
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the texture and microstructure can be modified [162]. Moreover, the cube texture 

{001}//<100> also observed in our study (Figure 7.8(a)) was reported in the studies on 

IN718 produced by the PBF-LB [7,162,272,279]. Additionally, when the heat flow 

direction is not parallel to the BD, weak <100>//BD and <110>//BD textures also can be 

observed in the FCC crystal structure [272]. Gokcekaya et al. [162] reported the unique 

crystallographic texture formation for IN718 produced by the PBF-LB with a bidirectional 

scanning strategy. According to their study, a crystallographic lamellar microstructure 

(composed of <110>//BD-oriented main grains and <100>//BD-oriented sub-grains), a 

<110>//BD-oriented single crystal-like microstructure, and polycrystalline microstructure 

were obtained by changing the scan speed and laser power. 

7.5.2 Microstructural and Texture Evolution of the Solution Heat-Treated Samples 

 The effects of the solution heat treatment temperature and holding time on IN718 

produced by the PBF-LB were given in section 3. There is no significant difference in the 

optical micrographs of 1050-15, 1050-45, 1050-90 and 1150-15 samples compared to the 

AB sample (Figure 7.4(a-c)) in terms of microstructure. Also, the area-weighted average 

grain size, KAM and GND density values of these samples are close to the AB sample. 

Although the microstructure of the 1150-15 sample is similar to the AB sample, the first 

recrystallized grains were observed in the 1150-15 sample (Figure 7.4(d)). Tucho et al. 

[260] reported 1100 oC as recrystallization start temperature which is reasonably consistent 

with the recrystallization start temperature found in this work (1150 oC). Moreover, 

recrystallization fraction and grain size diameter versus time graphs and also twin density 

versus grain size diameter graphs are shown in Figure 7.9(a, b). 

On the other hand, significant microstructural differences were observed in the 

1150-45 sample compared to the previous samples. Recrystallization was observed in the 

1150-45 sample, although it was not completed. Additionally, twins which are a sign of 

recrystallization, along with 87.3% grain size increment were observed in the 1150-45 

sample. As it was discussed before, the overlapping regions and the borders of the 

chessboard-like pattern have a higher KAM value due to the higher dislocation density. 

Therefore, the first recrystallized grains should be the grains that are in the overlapping 

regions and the boards of the chessboard-like pattern. This was clearly observed in the 

KAM map of the XY plane of the 1150-45 sample (Figure 7.7(c)) and the blue regions are 

strain-free recrystallized grains. Furthermore, the GND density reduced 54% in the 1150-

45 sample due to recrystallization. When we looked at the 1250-45 sample, near-complete 
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recrystallization (92%) with the grain coarsening was observed. The grain size increment 

is around 118% compared to the AB sample. Most of the grains are strain-free 

recrystallized grains (Figure 7.6(d) and Figure 7.7(d)) and the average GND density 

reduced 81% in the 1250-45 sample compared to the AB sample. The coarsened grains in 

the 1150-45 and 1250-45 samples can be seen in the GOS maps (Figure 7.6(c, d) and Figure 

7.7(c, d)). Moreover, there is a 39% increment of the twin boundary fraction compared to 

the 1150-45 sample. Jin et al. [280] reported that the density of annealing twins is inversely 

proportional to the grain size. Figure 7.9(c) shows the twin boundary length per 500 x 500-

micron square area versus grain size graph. The misorientation angle of 60o (observed in 

the 1150-45 and 1250-45 samples) corresponds to one of coincident site lattice (CSL) type 

of boundaries, namely the Σ3, which can also be identified as coherent twin boundary. The 

results shown at Figure 7.9(c) agrees well with this study [278]. Both studies indicate that, 

almost no new twins are formed during grain growth. Moreover, as seen in Figure 7.6(c) 

(IQ & GBs maps), the twins are mostly located at the grain edges next to non-recrystallized 

regions, rather than grain interiors. The same behaviour is observed in recrystallization of 

additively manufactured AISI 316 stainless steel samples reported by Aota et al. [225]. 

This behaviour was attributed to growth accident model, at which stacking faults are 

formed along a moving boundary, resulting in two different twin boundaries. One of them 

is an immobile, coherent twin boundary which is left behind, and the other is less coherent 

and highly mobile boundary that consumes the high defect density matrix [281–283]. 
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Figure 7.9 (a) Recrystallization fraction versus time, (b) grain size diameter versus time 

and (c) twin density versus grain size diameter graphs. 

There is a significant difference between the AB sample and solution heat-treated 

samples in terms of phases shown in SEM images (Figure 7.2(c) and Figure 7.5) and the 

FC (5 oC/min) can be shown as a reason for this difference. The precipitated phases were 

observed at both matrix and grain boundaries of the solution heat-treated samples (Figure 
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7.5). The precipitation of γ" and γ' strengthening phases is possible in the range of 600-900 

oC during double aging treatment [244]. During FC, the cooling from 900 oC to 600 oC 

took 60 min which is enough time for the precipitation of γ" and γ' strengthening phases 

[241]. In this study, the disk-like precipitates which are in the matrix of the solution heat-

treated samples can be γ" shown in high magnified SEM images, which is consistent with 

the study of Huang et al. [241]. The slow cooling may cause the precipitation of δ phase, 

brittle Laves and the strengthening phases (γ" and γ') according to the TTT [284] and CCT 

[268] curves.  Moreover, at least 6-8 wt.% Nb is required for the δ phase and the metastable 

γ" can transform into a stable δ phase at temperatures between 700 and 1010 oC 

[260,268,285]. Generally, the δ phase which precipitates at the grain boundaries during 

heat treatment is considered an undesirable phase due to the adverse effects on the fracture 

toughness and ductility. On the other hand, it can be beneficial due to the increment stress 

rupture resistance and grain stabilization effects. The needle-like δ phase which inhibits 

micro-cracks and granular-shaped δ phase which acts as a pin between grain boundaries 

can be seen in the literature [286] In this study, the needle-like δ phase was observed at the 

grain boundaries of the solution heat-treated samples. The local stress concentration, 

dislocation pile-up and premature failure can be due to too much δ phase along the grain 

boundaries whereas high-temperature strength are reduced due to the lack of the δ phase 

[286,287]. High-temperature strength can be achieved when the amount of δ phase is about 

4% [53]. As it was discussed, the grain growth can be controlled by the δ phase at high 

temperatures. In addition to the δ phase, the grain boundary migration can be inhibited by 

MC carbides. However, they can cause intergranular cracking when they precipitate at the 

grain boundaries [285]. MC carbides were observed at the grain boundaries shown in 

Figure 7.5 and MC carbide coarsening can be seen due to diffusion of Nb from dissolved 

Laves. Additionally, the brittle Laves should be dissolved to release Nb and Ti elements 

with the solution heat treatment. Thus, more strengthening phases can be obtained during 

the subsequent aging treatment [260]. 

The average hardness values of the solution heat-treated samples increased 

compared to the AB sample while the area-weighted average grain size values were 

similar. The precipitated δ phase and strengthening phases (γ" and γ') can be shown as a 

reason for this. Huang et al. [241] investigated the effect of solution temperature, time and 

cooling rate on the IN718 produced by the PBF-LB. They did solution heat treatment at 

1080 oC for 45 min followed by FC. Their findings are consistent with the current study. 

They concluded that the strengthening phases precipitating during FC is relatively small 
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compared to aging. Although these phases increase tensile strength, they will enlarge 

during the subsequent aging process. Therefore, the strengthening effect will be weakened. 

Moreover, Tucho et al. [260] reported that 1100 oC for 1 h is not enough to dissolve 

undesired phases to achieve a complete recrystallization during solution heat treatment. 

Also, tiny Laves precipitates were found at 1250 oC in their study. It can be assumed that 

the solution heat-treated samples may have the residual Laves phase in this study. 

Recently, Gruber et al. [267] reported stress-relief heat treatments at 1065 oC for 1.5 h and 

1150 oC for 6 h with FC (6 oC/min). They indicated that most of the grains were non-

recrystallized, along with intercellular microsegregation at 1065 oC for 1.5h. However, 

they reported complete dissolution of all secondary phases except coarsened primary 

carbides, along with reduced the macro- and micro-residual stresses at 1150 oC for 6h. This 

result differs from our finding because we observed the δ phase at the grain boundaries of 

the 1150-45 sample. Additionally, Kouraytem et al. [232] carried out recrystallization heat 

treatment at 1250 oC for 1 h with FC (10.4 oC/min). They observed the δ phase and MC 

carbide at the grain boundaries and strengthening phases (γ" and γ') in the matrix, along 

with dissolving Laves phase into the matrix. The results of the 1250-45 sample are similar 

to this study.   

In addition to the PBF-LB process parameters (discussed in section 4.1.), the 

texture or crystal orientation can also change with the recrystallization which involves 

recovery and growth of new grains by the migration of high-angle grain boundary. The as 

built sample has an intense Cube texture {001}//<100>, which is a typical solidification 

texture for as-built additively manufactured materials with cubic crystal structure. This 

inherited cube texture is still intense in 1050-15, 1050-45 and 1150-15 samples. The 

recrystallization fraction does not change significantly for those samples (Table 7.6); also, 

there is no significant difference in terms of microstructure, grain size, KAM distribution 

and GND density compared to the AB sample. The 1150-45 sample shows significant 

reduction in GND density, slight increase in grain size and this sample is 76% 

recrystallized. The crystallographic texture of 1150-45 sample also changes significantly, 

the most intense texture component is no longer the cube component, but the first 

generation cube twin texture {122}<212> becomes intense. This texture component forms 

due to formation annealing twins and has an <111>60o orientation relationship with the 

cube texture component. Figure 7.9(c) also shows that the highest twin density is present 

in 1150-45 sample, and this is also evident in EBSD maps showing twin boundaries (Figure 



218 

7.6(c) and Figure 7.7(c)). The crystallographic texture also proves the twinning-assisted 

recrystallization mechanism, which is also seen in PBF-LB produced AISI 316L samples 

7.6 Conclusions 

In this study, the effects of solution heat treatment followed by FC (5oC/min) with 

different temperatures (1050, 1150, 1250 oC) and holding times (15, 45, 90 min) were 

investigated. This study aimed to fill the gap in the literature about the effects of slow 

cooling during solution heat treatment on the microstructure and texture and hardness of 

IN718 produced by the PBF-LB, along with the recrystallization and grain growth kinetics. 

The main findings can be summarized as follows: 

1) The bowl-shaped melt pools and chessboard-like grain pattern, along with the area-

weighted average grain size, KAM and GND density values remained unchanged 

up to the 1150-15 sample. Although the first recrystallized grains were observed in 

the 1150-15 sample, a significant microstructural change was observed in the 1150-

45 sample. It can be estimated that 1150 oC and 45 min are threshold values for 

recrystallization temperature and holding time, respectively. The twin boundaries, 

along with 87.3% grain size increment compared to the AB sample, were observed 

in the 1150-45 sample. Additionally, the recrystallization was almost completed in 

the 1250-45 sample, along with 118% grain size increment compared to the AB 

sample. Moreover, a 39% increment of the twin boundary fraction in the 1250-45 

sample compared to the 1150-45 sample. 

2) Recrystallization started from the high dislocation density regions such as 

overlapping regions and the borders of the chessboard-like pattern, and the average 

GND density values reduced 54% for the 1150-45 sample and 81% for the 1250-

45 sample. Most of the residual stresses occurred during the PBF-LB process can 

be reduced with the solution heat treatment temperature of 1250 oC. Moreover, the 

recrystallization fractions of the 1150-45 and 1250-45 samples were calculated as 

0.76 and 0.92, respectively. 

3) The δ phase, the strengthening phases (γ" and γ') and MC carbides were observed 

in the solution heat-treated samples due to the FC (5oC/min). Also, these samples 

may have brittle residual Laves phase.  

4) The microhardness of the solution heat-treated samples increased around 20.5 – 

26.6% compared to the AB sample due to the precipitated phases during FC. 
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Therefore, this must be considered for postprocessing operations as higher hardness 

may induce machining challenges.  

5) The as-built sample exhibits cube texture {001}<100>, which transforms into first 

generation cube-twin texture {122}<212> due to twinning-assisted 

recrystallization mechanism. Almost no new twins are formed during growth stage, 

therefore other recrystallization texture components, cube and P-component, both 

of which are typical for FCC materials with intermediate SFE are formed.  

7.7 Contribution to Thesis Objectives 

This chapter was conducted as a preliminary study for this thesis to understand the 

microstructure of Ni-base superalloys fabricated by the PBF-LB process and heat treatment 

effects on the microstructural evaluation. Furthermore, this chapter was done to provide 

experimental data for ANSYS Inc. for their simulations on grain growth of IN718. With 

the help of this chapter, Chapter 6 was conducted easily. 
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Chapter 8: Conclusions and Future Work Directions 

 

8.1 Investigation Summary 

This study systematically investigated the material properties of IN939 

precipitation-hardened Ni-base superalloy after the PBF-LB process and post-processing 

heat treatments. To achieve the research aims of this study, the objectives were completed 

to gain a comprehensive understanding of how PBF-LB process parameters and post-

solution heat treatment affect the material properties of IN939. The original contributions 

corresponding to each of the investigations performed are summarised below: 

1. The characteristics of IN939 powder, both virgin and spatter, as well as the phenomena 

of spatter and its impact on the properties of fabricated parts were investigated in Chapter 

3. The chapter addresses a significant gap in research concerning the characteristics of 

IN939 powder, particularly focusing on both virgin and spatter powder and their impact 

on fabricated parts. A detailed comparative analysis between virgin and spatter IN939 

powders revealed significant differences in terms of morphology, particle size distribution, 

color, and the presence of oxides. A brown tint coloration due to the interaction between 

the laser and metal powder, Al2O3 oxide formation, pores, a 124.4% increase in the average 

particle size, a 10.2% decrease in the powder circularity, and a 7.5% decrease in the powder 

aspect ratio were observed in the spatter powder. Furthermore, the spatter powder exhibited 

a larger average grain size and lower nanohardness, which was attributed to the difference 

in cooling rates between the gas-atomized process and the PBF-LB process. The observed 

increase in particle size and changes in circularity and aspect ratio provided valuable 

insights into the physical transformations that spatter powder undergoes during the PBF-

LB process. By mixing 10 wt.% spatter powder with virgin powder, this research 

quantitatively evaluated the resultant effects on powder flowability and processing 

behaviour. The reduction in powder flowability and its implications for the PBF-LB 

process efficiency and fabricated part quality were critically analyzed, offering practical 

guidelines for industrial applications where powder recycling is considered. The study 

examined how 10 wt.% spatter powder affected part density and surface roughness, finding 

a 0.3% reduction in relative density and an 80.8% increase in surface roughness. These 

findings highlight the importance of powder quality for achieving optimal part properties. 

Despite the addition of spatter powder, no significant microstructural differences were 

observed between the samples fabricated using virgin and mixed powder, though an 
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increase in grain size was noted, and minimal impact on hardness was found. Furthermore, 

the research confirms that the overall texture of the fabricated parts remained consistent 

with the addition of spatter powder, maintaining the (001)//BD component essential for 

specific crystallographic textures. Overall, this study systematically investigated spatter 

powder effects, offering both theoretical insights and practical recommendations for the 

PBF-LB process with IN939 alloy. 

2. A comprehensive study of the influence of PBF-LB process parameters, specifically 

laser power, laser scanning speed, and hatch distance, on the material properties of IN939 

fabricated by the PBF-LB was investigated in Chapter 4. A detailed investigation was 

conducted to analyze the effects of varying laser power (160, 180, and 200 W), laser 

scanning speed (400, 800, and 1200 mm/s), and hatch distance (50, 80, and 110 μm) on 

the relative density, defect formation, surface roughness, and microstructure of IN939 

samples. The study revealed that alterations in hatch distance significantly affect average 

surface roughness. The lowest surface roughness was 4.6 μm and it was found that the 

surface roughness can be decreased by reducing hatch distances while maintaining 

constant laser power and laser scanning speed. This observation is critical for applications 

requiring high-quality surface finishes. Findings indicated a spectrum of relative density 

values ranging from 93.56% to 99.35%, with variations attributed to the interactions of 

process parameters. Moreover, samples with equivalent VED obtained with different 

process parameters exhibited divergent relative densities and porosities, underscoring the 

importance of parameter optimization in mitigating defects such as porosity and 

microcracks. Noteworthy insights emerged regarding the correlation between process 

parameters and defect formation. High VED was linked to the genesis of large, irregular 

keyhole pores, while low VED yielded high porosity and LOF because of insufficient 

melting. The study also identified microcracks, indicative of solidification cracks, and 

outlined parameter adjustments to mitigate such defects. It was noted that some 

microcracks, invisible after polishing, became apparent after etching. This additional step 

ensures a more comprehensive assessment of crack formation. Furthermore, 

microstructural analysis showed the presence of arc-shaped melt pools and columnar 

elongated grains, which have cellular structures and columnar dendrites, oriented with the 

build direction. Through a comprehensive analysis, the study made significant strides in 

elucidating the relationship between PBF-LB process parameters and the quality attributes 

of IN939 components, thereby enriching both theoretical understanding and practical 

implementation within additive manufacturing. 
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3. A comprehensive investigation into the effects of different scanning strategies on the 

material properties of IN939 fabricated by the PBF-LB was given in Chapter 5. The study 

addresses a significant gap in research concerning the effects of different scanning 

strategies on the material properties of IN939 fabricated by the PBF-LB. By systematically 

analyzing various scanning strategies, including alternating bi-directional scanning with 

rotation angles of 0°, 45°, 67°, and 90° between adjacent layers, as well as alternating 

chessboard scanning with rotation angles of 67° and 90°, this study offered valuable 

insights into how these parameters influence the relative density, defect formation, surface 

roughness, microstructure, crystallographic texture, microhardness, and residual stress of 

IN939.  Key findings from this research revealed that the 45° and 67° samples exhibited 

the highest relative density, while the 0° and Q67° samples demonstrated the highest 

average porosity. This indicated the critical role of scanning strategy in optimizing material 

properties to achieve desired performance. The study observed various types of cracks, 

including solidification, solid-state, and oxide-induced cracks, in the as-built samples. The 

0° sample displayed the most extensive cracking and the highest σmax residual stress values, 

while the 45° and 67° samples exhibited fewer cracks, indicating the influence of scanning 

strategy on defect formation. Surface roughness analysis revealed that the chessboard 

scanning strategy resulted in rougher surfaces compared to the bi-directional scanning, 

regardless of the rotation angles. Microstructural examination identified differences in 

grain size and morphology among the samples, with texture analysis indicating cube 

textures for the 0° and 90° samples and weakened texture intensity for the 45° and 67° 

samples. These observations underscored the influence of scanning strategy on 

solidification behaviour and texture development. Residual stress analyses showed 

significant variations among the samples, with the 0° sample exhibiting the highest σmax 

residual stress due to pronounced thermal gradients along the build direction. The Q90° 

sample displayed the highest residual stress in the XZ plane, while the 67° sample 

exhibited the lowest, suggesting that more uniform thermal conditions during laser 

scanning can effectively reduce residual stress. In conclusion, this study addressed a 

critical research gap by providing a detailed understanding of how different scanning 

strategies affect the material properties of IN939 fabricated by the PBF-LB. The findings 

offered practical guidance for optimizing scanning parameters, ultimately enhancing the 

quality and performance of IN939 components. 

4. A comprehensive investigation into the effects of various SHT temperatures on the 

material properties of IN939 fabricated by the PBF-LB was given in Chapter 6. This study 
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presents the effects of various SHT (1120 oC, 1160 oC, 1200 oC, and 1240 oC) on the 

microstructure, grain morphology, and crystallographic texture of IN939 fabricated by the 

PBF-LB. The study provided critical insights into how these conditions influence the 

material properties of IN939. Key findings from this research indicated that the high-

temperature gradient and rapid solidification inherent to the PBF-LB process resulted in 

microstructures that differ significantly from those produced by conventional methods. 

The melt pool morphologies and laser scanning paths were distinct in as-fabricated samples 

but transformed markedly under different heat treatment conditions. Specifically, SHT at 

temperatures of 1200 °C and above led to the disappearance of the as-fabricated arc-shaped 

melt pool and laser scanning path morphologies, transitioning to a mixture of columnar 

grains in the XZ plane and equiaxed grains in the XY plane. At 1240 °C, a notable 

transition to isotropic large equiaxed grains occurred in both observation directions, 

indicating a reduction in microstructural anisotropy. The study also highlighted the 

precipitation of spherical-like nano-sized γ' phases within the matrix after SHT, 

contributing to an increase in microhardness values across all conditions. This precipitate 

formation underscored the influence of heat treatment on enhancing mechanical properties. 

EBSD analyses revealed that both as-fabricated and solution heat-treated samples 

maintained a strong {001} texture parallel to the build direction, with intensity values 

increasing at higher heat treatment temperatures. Recrystallization was observed at 1160 

°C, with an increasing fraction of recrystallized grains at higher temperatures. 

Additionally, the study identified a decrease in the fraction of LAGBs, GND density, and 

an increase in the average grain size with rising SHT temperatures. In conclusion, this 

study significantly advanced the understanding of how SHT temperatures impact the 

microstructure, crystallographic texture, and microhardness of IN939 fabricated by the 

PBF-LB. The findings provided valuable guidance for optimizing heat treatment 

parameters to enhance the quality and performance of IN939 components, offering 

practical insights for both academic research and industrial applications. Future research 

should explore the aging heat treatment to further refine the mechanical and 

microstructural properties of IN939 fabricated by the PBF-LB. 

5. Chapter 7 was conducted as a preliminary study to better understand the microstructure 

of Ni-base superalloys fabricated by the PBF-LB and post-heat treatment effects on the 

microstructural evolution. This study presented a comprehensive investigation into the 

recrystallization and grain growth behaviour of IN718 alloy fabricated using PBF-LB and 

subjected to various SHT temperatures (1050 °C, 1150 °C, and 1250 °C) and holding times 
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(15, 45, and 90 minutes). The primary findings provided significant insights into the 

microstructural evolution, and texture development of IN718, contributing valuable 

knowledge for optimizing post-processing techniques in additive manufacturing. The 

study revealed that the as-built sample exhibited bowl-shaped melt pools and a chessboard-

like grain pattern with a cube texture {001}<100>, and significant microstructural changes 

began at 1150°C for 45 min, suggesting these as threshold values for noticeable 

recrystallization. Recrystallization started in high dislocation density regions, and the 

1150-45 sample showed an 87.3% increase in grain size, while the 1250-45 sample 

exhibited a 118% increase and a 39% increase in twin boundary fraction. At 1250°C, 

almost complete recrystallization was achieved, transitioning the texture from the initial 

cube texture to a first-generation cube-twin texture {122}<212> through a twinning-

assisted recrystallization mechanism, evolving further to include cube and P-orientation 

{011}<112> typical for FCC materials.  Solution heat-treated samples contained δ phase, 

strengthening phases (γ" and γ'), MC carbides, and potentially brittle residual Laves phase 

due to the slow cooling rate of 5°C/min, resulting in a 20.5% to 26.6% increase in 

microhardness compared to the as-built sample. This enhancement in hardness, however, 

may pose machining challenges during post-processing operations. Overall, this study 

significantly advanced the understanding of the effects of solution heat treatment 

temperatures and holding times on the microstructure, crystallographic texture, and 

microhardness of IN718 fabricated by PBF-LB. The detailed analysis offered practical 

guidelines for optimizing post-processing treatments, ultimately improving the quality and 

performance of IN718 components in various industrial applications. 

8.2 Recommendations for Further Research 

The present study successfully achieved the aims by evaluating the influence of the 

PBF-LB process parameters and post-solution heat treatment on the material properties of 

IN939, yielding a considerable number of original findings. However, there remain some 

challenges and critical areas that should be addressed in future research. The following 

recommendations are suggested for future studies: 

• 10 wt.% spatter powder addition into the virgin powder resulted in 0.3% relative 

density reduction, bigger pore formation and 80% surface roughness increment in 

the fabricated parts. However, it would be interesting to investigate the effects 

addition of different amounts of spatter powder (such as 30 wt.% and 50 wt.%) into 



225 

the virgin powder on the material properties of the fabricated parts. If the results 

are promising, spatter powder can be used to produce non-critical parts. 

• A detailed investigation was conducted to analyze the effects of varying laser 

power, laser scanning speed, and hatch distance on the relative density, defect 

formation, surface roughness, and microstructure of IN939 samples. Mechanical 

testing such as tensile strength, microhardness and fatigue should be conducted on 

the samples that possess the highest relative density. Moreover, HIP can be 

conducted to eliminate defects. 

• The effects of alternating bi-directional scanning with rotation angles of 0°, 45°, 

67°, and 90° between adjacent layers and alternating chessboard scanning with 

rotation angles of 67° and 90° were investigated on the relative density, defect 

formation, surface roughness, microstructure, crystallographic texture, 

microhardness and residual stress. The tensile test on these samples will be 

interesting to pursue in the future. Additionally, microcracks were not eliminated 

as a few microcracks were observed. The effects of stripe scanning strategy, 

remelting and preheating on the microcracks would be interesting. 

• The SHT step was investigated in detail. However, the aging step should be 

investigated for IN939 fabricated by the PBF-LB. It could be great to conduct 

mechanical tests such as tensile, fatigue and creep after complete precipitation 

hardening heat treatment. 
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